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Preface

This volume is the written proceedings of Symposium F on High Temperature Silicides
and Refractory Alloys, which was held in conjunction with the 1993 Fall Materials
Research Society Meeting in Boston, Massachusetts, November 28-December 2, 1993. This
symposium was very successful with 82 oral presentations, over four days.

The first two days were devoted to recent developments in silicides and the last two
days to refractory alloys. This response is a reflection of the growing interest in refractory
metal based silicides, in particular, MoSi,, and the continued development of commercial
refractory alloys such as W, Mo, Ta, and Nb-based alloys. The symposium covered
synthesis, processing, microstructures, mechanical properties, oxidation behavior,
composites, multiphase materials and applications. Significant advances were evident in all
these areas.

The symposium was sponsored by The Office of Naval Research, Osram-Sylvania Inc.,
and the General Electric Company. We are very grateful for their support. We are also
pleased to acknowledge the support of the staff at MRS for their assistance in assembling
both the program and the proceedings. Finally, we would like to thank the session chairs,
the manuscript services, the speakers and all those who contributed to the success of this
symposium.

C.L. Briant
3.J. Petrovic
B.P. Bewlay
A .K. Vasudevan
H.A. Lipsit

January 1994
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OVERVIEW OF HIGH TEMPERATURE STRUCTURAL SILICIDES

J.J. PETROVIC* AND A K. VASUDEVAN®**

*Materials Division, Group MTL-4, Los Alamos National Laboratory, Los Alamos, NM
87545

**Office of Naval Research, Code 4421, 800 North Quincy St., Arlington, VA 22217-5660

ABSTRACT

High temperature structural silicides represent an important new class of structural

materials, with significant potential applications in the range of 1200-1600 °C under oxidizing
and aggressive environments. Silicides, particularly those based on MoSiy, are considered to

be promising due to their combination cf high melting point, elevated temperature oxidation
resistance, brittle-to-ductile transition, and electrical conductivity. Possible structural uses for
silicides include their application as matrices in structural silicide composites, as
reinforcements for structural ceramic matrix composites, as high temperature joining materials
for structural ceramic components, and as oxidation-resistant coatings for refractory metals
and carbon-based materials. The historical development of structural silicides, their potential
applications, and important issues related to their use are discussed.

INTRODUCTION

High temperature structural materials that can be used in oxidizing environments in the
range of 1200-1600 OC constitute an enabling materials technology for a wide range of
applications in the industrial, aerospace, and automotive arenas. Potential uses include
industrial furnace elements and fixturing, power generation components, high temperature
heat exchangers, gas burners and igniters, high temperature filters, aircraft turbine engine hot
section components such as blades, vanes, combustors, nozzles, and seals, and automotive
components such as turbocharger rotors, valves, glow plugs, and advanced turbine engine
parts. There is increasing interest in silicide-based compounds for such applications. In this
temperature range, for oxidation and strength reasons, the choice of materials is limited to the
silicon-based structural ceramics such as Si3Ng4 and SiC, and to the new class of "high

temperature structural silicides” {1].

While the number of known silicide compounds is large, potential silicides for elevated
temperature applications are essentially those based on refractory and transition metals, such
as MoSiyp, WSi, TiSij, CrSiy, CoSiy, MosSi3, and TisSi3. Of such materials, MoSij is
presently the most promising and the most developed, due to its combination of high melting
point, superb elevated temperature oxidation resistance, brittle-to-ductile transition, and
electrical conductivity [2]. Structural uses for silicides include their application as matrices in
structural silicide composites, as reinforcements for structural ceramic composites, as high
temperature joining materials for structural ceramics, and as oxidation-resistant coatings for
refractory metals and carbon-based materials. The purpose of the present discourse is to
provide an overview regarding these materials.
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HISTORICAL PERSPECTIVE:

A brief historical perspective on the development of structural silicides is given here.
A more detailed history of the development of structural silicides, with emphasis on MoSij
materials, is given in Reference [1]. W.A. Maxwell was the first person to suggest the use of
a silicide, MoSi», as a high temperature structural material. He performed interesting research
on structural siticides in the early 1950's at NACA, the predecessor to NASA [3].
Unfortunately, Maxwell's thoughtful initial work was not continued due to the fact that, at
that time, the high temperature structural matesials community was not yet ready to deal with
brittle materials. In the early 1970's, E. Fitzer in Germany began examinations of MoSiy
matrix composites reinforced with additions of Al03, SiC, and Nb [4). This work led
Fitzer's colleague, J. Schlichting, to publish a detailed review article in 1978, suggesting the
use of MoSi as a matrix material for high temperature structural composites {5].

Two important structural silicide articles were published in 1985. The first was an
article by Fitzer and Remmele describing work on Nb wire-MoSiy matrix composites with
improved room temperature mechanical properties [6]. In the second article, Gac and
Petrovic indicated the feasibility of SiC whisker-MoSis matrix composites, showing
improvements in room temperature strength and fracture toughness [7]. In 1988, Carter
demonstrated SiC whisker-MoSis matrix composites with mechanical property levels within
the range of high temperature engineering applications [8]. In 1990, Umakoshi et. al.
published investigations of the mechanical behavior of MoSi; single crystals, which indicated
interesting elevated temperature properties [9]. As a result of the growing interest in
structural silicides, the First High Temperature Structural Silicides Workshop, sponsored by
the Office of Naval Research, was held in November 1991 at the National Institute of
Standards and Technology in Gaithersburg, Maryland. This Workshop consisted of 32
presentations in the areas of silicide materials, processing, processing-properties,
microstructures, oxidation, mechanical properties, and coatings. Reference 1] contains the
proceedings from this Workshop.

SILICIDE MATRIX COMPOSITES

For silicides to be used as a basis for high temperature structural materials, both their
high and low temperature mechanical properties must be improved. This requires significant
improvements in high temperature strength and creep resistance, and in low temperature
fracture toughness. However, it is important that composite strategies adopted do not
degrade either the intermediate or the elevated temperature oxidation resistance of the
composite to a significant extent.

A number of composite approaches for silicides have been employed to date {1].
Reinforcement morphologies have included continuous fibers, discontinuous particulate or
whisker phases, and microlaminates. Reinforcement materials have been both oxide and non-
oxide ceramics, as well as refractory metals. Fabrication techniques for composites have
involved hot pressing/hot isostatic pressing, melting, plasma spraying, mechanical alloying,
microlamination, in-situ syntheis, and combustion synthesis.

Composite approaches have been shown to significantly improve the mechanical
properties of MoSi-based structural silicides [1,2]). For example, the use of SiC whisker
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reinforcements has been demonstrated to reduce elevated temperature creep rates by three
orders of magnitude over that of unreinforced MoSiz. Creep rates can also be reduced by

alloying with substitutional species such as WSip. Continuous fiber reinforcements have
yielded MoSiz-based composites with room temperature fracture toughness values in excess

of 15 MPa m!/2. Toughness values of 7.8 MPa m!/2 have been obtained with discontinuous
ZrO;, particulate reinforcements.

It is useful to compare MoSip-based structural silicides to silicon-based structural

ceramics (Si3Ng, SiC), since both of these material classes are candidates for 1200-1600 °C

structural applications [2]. The two central issues for the application of such materials are
those of reliability and cost, and a comparison of these aspects is given in Table 1.

Table 1. Comparison of MoSiy-Based Structural Silicides and Silicon-Based Structural
Ceramics

RELIABILITY ADVANTAGES

MoSiz-Based Structural Silicides:
O Brittle-to-ductile transition in a useful temperature range
o Potential higher fracture toughness at operating temperatures
O Alloying may be extensively employed to improve mechanical propertics
O Thermodynamically stable with a wide range of ceramic reinforcements
O Thermal expansion cocfficients a closer match to metals, thus easier to join to metals

Silicon-Based Structural Ceramics:
O No intermediate temperature oxidation "pest”
O Somcwhat more creep resistant, at least at present
O Lower thermal expansion coefficients, thus lower thermal stresses

COST ADVANTAGES

MoSiy-Based Structural Silicides:

O Can be clectro-discharge machined, thus lower cost machining
O Can be mclted, thus more versatility in processing
O Easer to densify, no densification aids required

Silicon-Bascd Structural Ceramics:
O None

Currently, there is a slight refiability advantage of the MoSi;-based structural silicides
over the silicon-based structural ceramics. With further development of the structural silicides
(which are currently at an early stage in comparison to the more mature structural ceramics), a
more dramatic reliability advantage is likely to emerge, as issues of structural silicide creep
resistance, fracture toughness, and intermediate temperature oxidation behavior are
addressed. However, Table I clearly shows that there is a distinct cost advantage of the
structural silicides over the structural ceramics. Because the silicides can be electro-discharge
machined, their machining costs will be significantly lower than the structural ceramics, which
must be diamond machined. Furthermore, unlike the structural ceramics which thermally
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decompose rather than melt, the silicides can be melted, leading to more versatility in
processing since melting techniques such as plasma spraying can be employed. Finally, the
silicides are easier to densify, and do not require the densification aids which must be
employed for structural ceramics.

SILICIDE REINFORCEMENT OF CERAMIC MATRIX COMPOSITES

An area that is little explored at present but which is potentially of major importance is
the use of silicides to improve both the reliability and cost of structural ceramics {2]. For
example, above its brittle-to-ductile transition temperature, MoSiy can be employed as an
oxidation-resistant, ductile phase in & ceramic matrix composite. This presents the
opportunity to significantly improve the elevated temperature mechanical properties of the
composite, such as strength, high temperature fracture toughness, creep, and slow crack
growth resistance. Such property improvements would constitute an important reliability
benefit. Additionally, at suitable volume fraction and morphology, the MoSi; phase may also
improve the machinability of ceramic matrix composites by allowing for electro-discharge
machining (EDM). This would constitute a major cost benefit.

There is very little published work in this area to date. The work that has been done,
however, definitely indicates a substantial improvement in elevated temperature mechanical
properties by incorporating a MoSi, silicide phase into SiC and Si3N4 structural ceramic
matrices [10,11]. Although no silicide phase work on benefits to ceramic machinability has
yet been published, such benefits are also anticipated in view of published resuits with
electrically conductive carbide, nitride, and boride phases in structural ceramic matrix
materials such as Si3N4. However, these carbide, nitride and boride additions do not possess

the high temperature oxidation resistance of silicides, and this fact has limited their usefulness.

SILICIDE HIGH TEMPERATURE JOINING MATERIALS

The high temperature joining of structural ceramic components has been a
longstanding difficulty. Structural ceramics such as Si3Ng and SiC possess thermal expansion
coefficients significantly lower than most metals, leading to mismatch stress problems. In
addition, conventional brazing metal alloys do not have sufficient elevated temperature
oxidation resistance. Silicides may have potential uses as higher temperature brazing
materials for the structural ceramics. Only one investigation has been performed to date in
this area. This study demonstrated that MoSiy and TiSi; may be employed as braze joining

materials for SiC [12]. Sound joints were obtained by heating in the range of 1750-1950 ©C,
and no reactions with SiC were observed.
SILICIDE COATINGS

Silicide based materials may have applications as advanced high temperature coatings

for refractory metals. Important factors for coatings of this type include coating oxidation
resistance, thermal stability and strength, high temperature chemical compatibility of the
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coating with the substrate, and thermal expansion coefficient mismatch between coating and
substrate. Recent work has shown that MoSi; based materials can provide an excellent high

temperature coating for niobium [13]. (Mo, W)(8i,Ge); coatings on niobium survived 200

one hour cycles at 1370 OC in air and 60 one hour cycles at 1540 ©C in air, due to formation
of a protective glassy film.

The use of silicides to coat carbon and carbon-carbon composite materials has not
been explored to any great extent as of the present time, although the potential for such
coatings may exist. One aspect here is the fact that silicides tend to react with carbon (for
example, MoSi5 reacts to form CMosSi3, the $o-called Nowotny phase), which may

necessitate the use of reaction barrier layers.

SIGNIFICANT ISSUES WITH SILICIDES

There are several significant issues which must be addressed in order to promote the
use of silicides in high temperature structural applications. These issues include minimizing or
eliminating the intermediate temperature oxidation pest behavior, increasing low temperature
fracture toughness, improving high temperature creep resistance, and obtaining basic material
properties.

Many silicides exhibit intermediate temperature accelerated oxidation, or even
oxidation pest behavior (catastrophic oxidation) under certain conditions. For example, in

MoSi; intermediate temperature (500 OC) accelerated oxidation and pest behavior occurs due
to the retention of MoO3 as a solid oxidation product, whose volume expansion can produce

microcracking. Means to minimize or eliminate this behavior include minimization of porosity
and microcracking, pre-oxidation formation of a continuous SiO7 surface layer, alloying to

alter oxide characteristics and oxidation mechanisms, and the use of metal coatings.
Improving low temperature fracture toughness is a significant issue. For many

applications, room temperature fracture toughness values below 10 MPa m1/2 will be
adequate, but for some high performance applications higher toughness levels will be
necessary. Composite strategies developed or in development for high toughness structural
ceramics should also be applicable to the silicides. Improvements in elevated temperature
creep resistance may be achieved by the minimization or elimination of glassy phases which
promote grain boundary sliding in preference to dislocation creep mechanisms. Dispersion
strengthening through the use of nanosized reinforcement phases dispersed intragranularly in a
relatively large grained material should produce a highly creep resistant microstructure.
Lastly, there are currently substantial gaps in the description and understanding of the
fundamental material properties of the silicides. Areas where little basic information exists
include self-diffusion coefficients and diffusion mechanisms, single crystal properties,
characterizations of ductile-to-brittle transitions and the factors which influence them,
oxidation mechanisms, and sintering behavior. It will be necessary to obtain this basic
information in order to be able to optimize the silicide materials for engineering applications.
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ABSTRACT

The mechanical and plastic behaviors of refractory silicide single crystals with Cl1,
(MoSi,), C40 (CrSi,, TaSi, and NbSi;), D8y (TiSi;) and C1 (CoSi; and (Cog,Niy,)Si;)
structures were investigated. The C40-type silicides were deformed by (0001)<1120> slip.
Their yield stress decreased sharply with increasing temperature but NbSi, and TaSi, which
were deformable even at low temperatures, exhibited anomalous strengthening around 1350°C.
Deformation of Ti;Si, whose ductile-brittle transition occurred around 1300°C was controlled
by twins and the brittle fracture occurred on the basal plane. In CoSi, the {001}<100> slip
was only activated at ambient temperatures but addition of Ni activated {110}<110> slip
as secondary slip system and improved the ductility. The creep behavior of MoSi, and CiSi,
single crystals were also investigated and was found to be controlled by the viscous and
glide motion of dislocations.

INTRODUCTION

New, extremely high-temperature tolerant materials for service at more than 1500°C are
required for aircraft gas turbines and spacecraft airframes. From the viewpoint of specific
gravity, clastic modulus, high~temperature strength and oxidation resistance, several transition
metal silicides with high silicon content are among the potential candidates for such ultra—
high temperature structural materials from a compilation of about 300 binary metallic and
metal-metalloid compounds that melt above 1500°C [1]. At high temperatures the silicides
exhibit excellent oxidation resistance since silicon atoms form viscous and protective SiO,
films which can infiltrate and cover micro cracks generated during the operating process.

In general, silicides have an intricate crystal structure and can rarely be deformed. From
crystal symmetry considerations, melting point and high-temperature strength, we should look
for several silicides with the Cl11, structure based on the b.c.t. lattice, and C40 and D8,
structures based on the h.c.p. lattice.

Some MSi,-type silicides with the elements Mo, W and Re are known to crystallize into
ihe Cl1, structure. Since the C11, structure is a long—period ordered structure derived by
stacking up three b.c.c. lattices and then compressing them along the long period axis, their
silicides possess the dcformation characteristics of b.c.c. crystals. The {110}<331] and
{103)<331] slips which comrespond to the {110}<111> slips in the b.c.c. lattices were
observed in MoSi, at around 1000°C, and with increasing temperature <100]-and <110]-slips
were activated [2, 3]. From the viewpoint of activated slip systems, polycrystalline MoSi,
is expected to have ductility since the number of slip systems is enough to satisfv the von
Mises criterion. However, even single crystals were brittle extremely at low temperatures and
the transition from ductile to brittle behavior occurred around 900°C.

One of the approaches to improve the ductility and fracture toughness is to develop
quasi-binary disilicides with two—phase microstructures composed of the Cl1, and C40
phases [4]. Detailed informations are needed on the mechanical properties and plastic
characteristics of both C40-type and Cl1,-type silicides to understand the plastic behavior

9
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of the component phases in quasi-binary silicide composites. However, to our knowledge
only limited studies on the slip system and the temperature dependence of the critical
resolved shear stress (CRSS) of CrSi, with the C40 structure have been reported using single
crystals [S].

For application to high-temperature structural components, not only high temperature
strength but also creep resistance which is ecven more important is required. The creep
behavior of polycrystalline MoSi, and MoSi,-based composites reinforced with SiC whiskers
has been investigated [6] but studies have not been made on the creep mechanism or
dislocation structure using single crystals.

In this paper, current knowledge of the slip behavior and deformation mechanism of the
Cl1,-type and C40-type disilicides including creep deformation is reviewed based on the
results of our recent studies on MoSi, with the C11, structure and CrSi,, TaSi, and NbSi,
with the C40 structure.

CoSi, with the Cl structure exhibits excellent oxidation resistance and some ductility even
at low temperature because of its f.c.c.-based structure. It is of considerable interest as one
of the duplex phases to improve the fracture toughness of silicide composites, although the
melting point of CoSi, is not high (T,=1326°C). CoSi, is primarily deformed by {001}<100>
slip systems and when the orientation of samples is controlled for the {001}<100>-slip,
some fracture strains arc obtained in single crystals even at room temperature [7].
Polycrystalline CoSi,, however shows high ductile-brittle transition temperature and therefore,
activation of additional slip systems is required to improve ductility. The effect of the
addition of Ni to CoSi, on operative slip systems and plastic behaviors is also described.

TisSi; with the D8, structurc is also a potential candidate as a refractory material. The
mechanical properties of polycrystalline Ti,Si; and unidirectionally solidified eutectic a Ti-~
Ti,Si; alloys [8], and the oxidation resistance of temary (Ti, X),Si; (X=V, Nb) have been
investigated but no detailed study on plastic behavior has been reported. Deformation and
fracture mechanisms of Ti,;Si; single crystals are also presented together with the deformation
structure.

EXPERIMENTAL PROCEDURE

The master ingots of binary MSi, (M=Mo, Cr, Ta, Nb or Co) and Ti;Si;, and ternary
(CoyoNiq,)Si, silicides were prepared by melting high-purity raw materials in a plasma arc
furnace. Single crystals of the binary and ternary silicides were grown from thesc ingots by
the floating zone method using an NEC SC-35HD single crystal growth apparatus at growth
rates of 5 and 10mm/h under a high—purity argon gas flow. Specimens for compression and
creep tests (approximately 2.5x2.5mm in cross-section and 7mm long) with selected
oricntations were cut from the single crystals by spark machining and mechanically polished
using diamond paste to observe surface slip markings. Compression tests were conducted on
an Instron-type testing machine in a purified argon gas atmosphere or in a vacuum at a
nominal strain rate of 1.4x107s™ at temperaturc ranging from 20 to 1500°C. Slip patterns
were then examined with an optical microscope using Nomarski interference contrast. Creep
tests of MoSi, and CiSi, single crystals were conducted under compression in an argon gas
atmosphere. The displacement of specimens was measured with a linear variable-differential
transducer.

Thin-foil specimens for electron microscopy were cut first from deformed specimens by
spark machining and finally ion-milled by Ar bombardment to perforation. The thin foils
were examined in a Hitachi H-800 electron microscope operated at 200KV.
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RESULTS AND DISCUSSION

(C11,~ type silicides)

MoSi, is extremely brittle even in single crystals at low temperatures but it becomes
deformable above 900°C. Activation of 1/2<331] dislocations which are thought to dissociatc
into three 1/6<331] superpartials bound by APBs was observed around 900°C. The slip
occurred on both closely packed {110) and {103) planes at all tested temperatures between
900 and 1500°C [2, 3]. The ductility was remarkably improved and the fracture strain
sharply increased accompanied by rapid decrease of the yield stress with increasing
temperature above 1200°C where <100}-and <110]-type dislocations were activated as shown
in Fig.1. Although the yield stress depends strongly on the strain rate, the low strain rate

T T T T

w0t / s

(o]

O— sirain rate: 1.7x107s™"
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Fig.1 Temperature dependence of fracture strain for MoSi, single crystals.

sensitivity of fracture strain around 1200°C suggests that adequate fracture toughness is
provided at high operating temperaturcs. Dislocation networks composed of <100] and <110]
dislocations were observed in MoSi, deformed at 1300°C. The climb mobility of the <100]
and <110] dislocations is already high and a dynamic recovery process takes place during
deformation.

To improve the ductility of MoSi, at low temperature, an approach to activate 1/2<111>
dislocations was donc based on the phase stability of the Cl1, with respect to the C40
sructure. A 1/2[111] dislocation can be dissociated into two 1/4[111] partial dislocations
bound by a stacking fault [3 9). If the stacking fault with a fault vector of 1/4[111] is
introduced on a (110) plane in the C11, structure, the atomic arrangements and the stacking
sequence on the (110) become cqulvalcm to those on the (0001) plane in the C40 structure.
Addition of alloying clements which destabilize the C11, structure of MoSi, with respect to
the C40 structure decreases the stacking fault energy resulting in the ductility improvement.
A sign of ductility improvement was noticed in the stress—strain curves for (Mo, g,Crog)Si,
single crystals [3]).

Figure 2 shows the carly stages of the creep curves of MoSi, single crystals at the
applied stresses of 15.2, 30.3, 49.6 and 100 MPa at 1400°C. The curves show a primary
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Fig.2 Creep curves of MoSi, single crystals deformed at 1400°C.

transient followed by a long period of steady-state 'crccp with minimum creep rate by which
the creep behavior can be evaluated. The empirical power law crecp relation represents the
strain rate at the steady-~state creep as a function of the applied stress.

¢=Ac"exp(-AHAT)

where & is the stcady-state creep rate, A
is a constant, o is the applied stress, AH
is the activation energy and n is the stress
exponent and depends on the ratc
controlling process. The stress exponent n
was determined to be 3 from the slope of
a straight line by plotting the logarithm of
the strain rate as a function of the
logarithm of the applied stress at 1200°C
as shown in Fig.3. The n value of 3
suggests that the creep of MoSi, is
controlled by the viscous motion of
dislocations. At high temperatures the
climb mobility of <100] and <110]
dislocations is already high and the
formation of dislocation networks proceeds
as shown in Figd4. The slower the
dislocation creep, the larger the
contribution of diffusion creep becomes.
Evidence of the transition from _the
dislocation creep (n=3) to the diffusion
creep (n=1) was found in MoSi, single
crystals crept at 1400°C under low applied
stress of 15.2 MPa . From the logarithm
plots of the steady state creep rate as a
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Fig.4 Dislocation structures in MoSi; single crystals
deformed at 1200°C with the applied stress.
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function of the reciprocal temperature as shown in Fig.5, the apparent activation energy was
determined to be 520KJ/mol. This value is rather higher than previous result of
AH=433KJ/mol for polycrystalline MoSi, [10]. Oricntation dependence of operative
dislocations and the effect of grain boundaries might be responsible for the difference.

(C40-type silicides)

Although possible slip planes are 2
expected to be (0001) and {1130} °
planes from the crystal structure of
C40-type, the (0001)<1120>-slips are
only operative in CrSi,, The CiSi,
single crystals are deformable above
700°C and the yicld stress decreases
monotonically  with  increasing
temperature. The stress-strain curves
exhibited considerable work hardening
after yielding below 900°C, but at
higher temperatures they exhibit a
yicld drop followed by a very oradual
work hardening or sometimes work
softening, and an improvement in
ductility. Hexagonal  networks
composed of three types of 1/3<1120>
dislocations are formed as shown in
Fig.6. On the (0001) plane, 1/3[2110]
dislocation was confirned to be
dissociated into two 1/6[2110] partial
dislocations  combined  with a Fig.6 Dislocation networks of CrSi, single
superlattice  intrinsic  stacking crystals deformed at 1300°C;
fault(SISF) as shown in Fig.7. The (a)g=1120 ,(b)g=0230, (c)g=3200, (¢)g=2030.
cross-slip or climb dissociation of
some scgments of the paired
partials, which may provided an
additional stress to the motion of
the entire dislocations and exhibit
the plastic anisotropy, is expected
to occur during moving on the
(0001). However, the CRSS for
(0001)<1120> slip did not
depend on crystal orientation and
it decreased continuously with
increasing temperature.

The creep test of CrSi, single 1um
crystals was camied out at a -
temperature  between 900 and Fig.7 Weak beam image of dissociated 1/3[1120]
1050°C under applied stress of dislocation in CrSi, deformed at 1000°C.

between 2 and 40 MPa. The
crecp curves showed a long period of steady-state creep after primary regime in single
crystals, while a primary region followed by inverse crecp with no development into a
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steady-state creep was observed in polycrystalline CrSi; tested above 1000°C. The stress
exponent n and the apparent activation cnergy for creep of CrSi, single crystals were
determined to be 2.9 and 360k)/mol from measurements of the temperature and applied stress
dependence of the steady-state creep rate. Numerous isolated 1/3<1120>-type dislocations
were observed on the basal planc in CrSi, single crystals crept at 1000°C. These results
strongly suggest that the creep of CrSi, is controlled by the viscous and glide motion of
1/3<1120>-type dislocations.

NbSi, (2200°C) and TaSi, (1930°C) have higher melting temperature than CrSi, (1550°C).
The high melting temperature which is closely related to the strong bonds is thought to be
disastrous for ductility of intermetallics. However, a distinct plastic flow was observed in the
stress—strain curve of NbSi, single crystal even at room temperature and a sharp increase in
ductility occurred with increasing temperature as shown in Fig.8. Serrations in the stress—
strain curves appeared at high temperatures and became remarkable between 1200 and 140
0°C. The transition from ductile to brittle behavior of TaSi, single crystals shifted to 300°C
but the stress-strain curves were similar to those of NbSi,.

60— gt 100 -

500 (‘ o —
0001 1310

400~ .

Stress (MPa)
§
T
1

g
T
1

100 1250C o —_ -
(W‘”"_m _
0 I C—
Strain (%)

Fig.8 Stress-strain curves of NbSi, single crystals.

Temperature dependence of the yield stress of NbSi, and TaSi, single crystals, together
with that of CrSi, is given in Fig.9. The yield stress of NbSi, and TaSi, decreased rapidiy
with increasing temperature and then increased reaching an anomalous peak around 1350°C.
The yield stress of NbSi, and TaSi, at low temperature is not high enough as expected from
their melting points, but the anomalous strengthening above 1000°C is attractive for high-
temperature structural application. The basal slip was confirmed in the temperature range
below the anomalous peak but the anomalous strengthening mechanism is not yet clear.
Investigations on orientation dependence of the CRSS and the anomalous peak temperaturc
of NbSi, and TaSi, single crystals are now in progress.
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Yield stress (MPa)

Temperature (" C)

Fig.9 Temperature dependence of yield stress of CrSi,,
TaSi, and NbSi, single crystals.

(D8,-type silicide)

TisSi; crystallizes in the
hexagonal D8; structure whose
stacking sequence on the basal
planes is ABACA. ... The atomic
arrangements of B and C layers are
related by 180° rotation about the ¢
axis relative to each other. TiSi,
single crystals are extremely brittle
at low temperature but they become
deformable above 1300°C. The yield
stress depends strongly on the
crystal orientations and decreases
rapidly with increasing temperature
as shown in Fig.10. The closed
triangle indicates fracture stress of
the tested specimen instead of yield
stress since the specimens broke
within a straight region of the
stress—strain relationship.

Deformation twins were very
often observed in deformed samples.
Figure 11 shows a twin in T,Si,
single crystal deformed at 1500°C,
whose twin plane lies almost
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Fig.10 Temperature dependence of yield stress of TiSi,

single crystals.
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parallel to an incident clectron beam. From the diffraction spots which were taken from the
matrix and the combined area of the matrix and the twin, the twin plane was determined to
be (1012). In consideration of an activated twinning system in a hexagonal lattice, a twinning
system of {1012}<1011> may be possible in Ti;Si, crystals.

Fig.11 A twin in TiSi, single crystal deformed at 1500°C.

Figure 12 shows the CRSS for the {1012}<1011> system calculated from the data in
Fig.10. The data on samples with orientations on the [1120]-[1010] boundary and

CRSS for {1012}<1011> slip (MPa)
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8
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Fig.12 Temperature dependence of CRSS for {1012}<1011> of Ti,Si, single crystals.
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near the [0001] are excluded from the figure since these samples did not exhibit a marked
plastic flow. The good agreement of the CRSS with the Schmid law suggests that the
deformation of TisSi; single crystals may be controlled by the {1012}<1011> twins.

From the atomic armrangements on the basal planc, a possible slip system is
(0001)<1120> but the basal slip has not been observed. The brittle fracture occurred very
often on the basal plane in samples with orientations where only a small shear stress
component for the {1012}<1011> twin deformation was provided. Our recent measurements
of the thermal expansion coefficient of TisSi, single crystals showed the thermal expansion
cocfficient along the [0001] direction to be about 4 times more higher than that along the
[2110} direction [11]. Since the thermal expansion is due to the thermal vibration on the
basis of the repulsive and attractive forces between atoms, the higher thermal expansion
coefficient along the {0001] direction suggests a weak bonding force along this direction,
causing the brittle fracture to occur on the (0001) plane.

(C1-type silicides)

In crystals with the cubic C1 structure various slip svstems of {001}<110>, {110}<110>,
{111}<110> and {001}<100> are expected to occur. The difference in operative slip systems
of Cl-type compounds depends on the difference in the electrostatic nature of the core
structure. For example, the {001}<110>-slip is primarily activated in the ionic compounds
such as CaF,, BaF, and SrF,, while the metallically bonded compounds such as TiH, and
ZrH, are deformed by {111}<110> slip. CoSi, which has a combined character of strong
covalent and metallic bonding exhibits 2-4% fracture strains in single crystals even at room
temperature. However, it cannot be deformed in polycrystalline form since only the
{001}<100> slip is activated and the von Mises criterion cannot be satisfied, while activation
of {111}<110> and {110}<110> slips with increasing temperature provides a rapid increasc
in ductility[7]. Addition of small amount of Ni which is expected to increase the character
of metallic bonding activated {110}-slip as secondary slip in the sample deformed along
[123] as shown in Fig.13 and the ductility was improved.

R.T. 500°C 750°C Comperssive

50pm

Fig.13 Slip traces of (Cog,Ni,,)Si, single crystals.

CoSi, and (Coy,Niy,)Si, single crystals show similar temperature dependence of the
CRSS for{100}<001>-slip as shown in Fig.14. The stecp temperature dependence of the
CRSS below 200°C suggests that deformation of CoSi, and (CoygNiy,)Si, is controlled by
the Peierls mechanism as predicted by Takeuchi {12}, while at S00°C high activation volume
of 323b® was obtained for (Coo,Niy,)Si, single crystals. The lower CRSS of (CoyoNiy,)Si,
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in comparison with CoSi, at low temperatures suggests that addition of Ni reduces the
covalent bonding force resulting in improve ductility.
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Co, ¢Ni, ,)Si, TR B—g,
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Fig.14 Temperature dependence of CRSS for {100}<100>-slip in CoSi,
and (CogNiy,)Si, single crystals.

CONCLUDING REMARKS

MoSi, is belicved to be an attractive candidate of refractory materials operating above
1500°C. Although a hopeful indication was noted in the ductility improvement for MoSi,
with a small addition of Cr, it is very difficult to pursue good ductility in single phase
through alloying design and thermo-mechanical processing. A target in developing of
refractory silicides should be to focus on the improvement of toughness using multi-phase
microstructures. The transition metal silicides described in this paper may be suitable for
oxidation resistance at high temperature because of their high silicon content. For silicide
composites high strength is guaranteed by MoSi,-phase as a matrix, while the ductility and
toughness should be improved by dispersed phases with sufficient ductility at low
temperature. A good sign in low-temperature ductility of TaSi, and NbSi, together with
anomalous strengthening around 1350°C is attractive for usage as a dispersed phase. CoSi,
is also of interest as a dizpersed phase in silicide composites since a small added amount
of Ni activates {110}<1:0> slips in addition to {001}<100> slips and sufficient slip systems
for continuous plasticity of puiycrystals are provided, although the melting point limits its
operating temperature below about 1300°C. Good ductility at low temperature as well as
conventional alloys cannot be expected for refractory silicides, but in sharp contrast to
ceramics the silicides can be deformed by the motion of dislocations and become ductile at
high operating temperature. Composites composed of quasi~binary and ternary silicide phases
with the C11,, C40 and C1 structure may be able to improve fracture toughness at low
temperature and overcome difficult barriers in the development of structural materials for use
at extremely high temperature.
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Abstract

The temperature dependence of the flow stress and deformation mechanisms of single
crystal MoSi2 have been determined for compression along three different orientations, [001],

[021] and [771], at two different strain rates, 1x10-5/s and 1x10-4/s, and at temperatures between
900 and 1600°C. The flow stress along [021] is slightly higher than that along [771] while both
orientations gave a much lower flow stress than that along [001]). Along [021], slip occurs on the
{110}1/2<111> slip system between 1000 and 1200°C, while at 1300-1400°C, slip occurs on the
{013}<100> slip system. Along {771}, deformation occurs by the {011}<100> slip system while
cross-slip onto {013} and {o17) planes is observed at 1000-1300°C except that slip occurs on the
{013}1/2<331> slip system at 1000-1100°C for faster strain rates. Along {001], slip occurs on the
{013}1/2<331> system at 900-1100°C while slip is observed on the {011}1/2<111> system at
1300-1600°C. Strain rate jump tests from 1x10-5/s to 5x10-5/s at 1100°C revealed a stress
exponent of 7 along [771] and 20 along [021], while a rate jump test from 1x10-5/s to 2x 10-3/s
along [001] at 1400°C gave a stress exponent of 3.9.

Introduction

MoSi2 is a candidate material for high temperature structural applications as it has excellent
oxidation resistance [1], a reasonable toughness above 1000°C {2], and high creep and yield
strength when reinforced with SiC [3].

MoSi; has a body centered tetragonal structure, space group I4/mmm and lattice
parameters: a=0.3204 nm, c=0.7848 nm [4]. According to conventional dislocation theory, the
most likely perfect dislocations have Burgers vectors with the shortest lattice translations, and glide
on the densest packed planes. Thus, we expect <100> dislocations with b=0.3204 nm should be
most common, followed by 1/2<111> and <110> dislocations, both with b=0.4531 nm. These
latter vectors have the same length because of the hexagonal symmetry of the {110} plane. The
next two possible Burgers vectors are much longer, 1/2<331> and [001], both with b=0.7848 nm
(again the same length because of the hexagonal symmetry of the (110) plane). The densest
packed planes, in terms of both Mo and Si atoms, are {110} and {Q]3} [S]. Thus, elementary
dislocation theory would predict the {013)<100>, {110}<110> or {110)1/2<111>, slip systems
should have the lowest Peierls stresses. The possible slip systems in MoSi> are shown in Table |
and are labelled A-H in order of decreasing d/b (where d is the planar spacing and b is the Burgers
vector), since the Peierls stress is predicted to decrease with increasing d/b [6].

The purpose of the present work was to study the deformation behavior of single crystal
MoSiy at high temperatures. Single crystals of MoSi oriented along [001}, [021], or [771] were
deformed in compression between and 1600°C. For compression along [001], the Schmid
factors are zero for all slip systems except for {013)1/2<331> (H) and {011}122<111> (1),
thereby eliminating slip on the expected easy slip systems. For compression along [021], the
Schmid factors are high for the expected easy slip systems {013}<100> (A), {110}12<111> (D)
and {001 }<100> (E), while along [771], the Schmid factors are high for slip on {013}<100> (A),
{010}<100> (B) and {011}<100> (F) (Table 1). Along [001], {021], and [771], the strain rate
sensitivity was determined by performing rate jump tests at 1400, 1100, and 1100°C, respectively.
This paper will provide a summary of an in depth study on the mechanical properties of single
?{ygztgl ;\;]()Siz. For a more detailed description of results see Maloy (1993) {7] and Maloy et al.

) [8].
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Schmid Factors

Shp System d (nm) | b (nm) da/b [001] ] _[021)

A 013 1<100> 0.203 ] 0. 0.630 0 0.38 0.42
B 010}<100> 0.160 | 0.3204 | 0.499 0 0 —0.46
—C T10}<110> 0.226 | 0.4531 0.499 0 0.20 ]

D i0}1R<I11> 0.226 | 0.4331 0.499 0 0.40 0.20

E 0O 1<100> 0.131 0.3204 | 0.400 0 0.48 | 0.17
—F 01T1<100> 0.0080 | 0.3204 | 0.300 0 0.17 0.3

[¢] 1R<3I> 0.226 | 0.7348 | 0.288 0 0.36 0.12

H 03 233> 0.202 | 0.7848 | 0.237 0.39 0.46 | 0.43
— 1 OITI<ITIS 0.0989 | 0.3531 0.218 0.33 0.40 0.38

Experimental Procedure

Single crystals of MoSi2 were grown with orientations along [001], [021], and [771] using
MoSi2 seeds by the Czochralski technique at McMaster University by J. Garrett. Rectangular
parallelepipeds were cut, ground to approximately 1.5x1.5x5mm3, and polished through ipum
diamond paste. Samples were deformed at strain rates of either 1x10-4/s or Ix10-5/s at
temperatures between 900 and 1600°C on Instron testing machines equipped with high temperature
furnaces for testing in either vacuum or argon. SiC or single crystal YAG pads were used; BN
powder on the ends of each specimen served as a high temperature lubricant. Slip traces were
observed on the specimen surface after testing using an optical microscope with Nomarski contrast
imaging techniques. Thin sections from each specimen were cut paraliel to the slip plane afier
deformation. If no slip traces were observed, a foil was cut perpendicular to the compression
direction. Standard procedures were used to ion mill samples to electron transparency. The foils
were examined in a Philips CM30 transmission electron microscope (TEM) operating at 300 kV.
Standard g.b and trace analyses were performed to determine the Burgers vectors of the
dislocations and their slip planes.

A small amount of MosSi3 (~2 vol.%) was present in as-grown single crystals due to Si-
loss during growth. The second phase content was determined by grinding a small piece of each
single crystal into -300 mesh powder and quantifying using X-ray diffraction techniques. The C,
N, O and H contents of each single crystal were determined by Leco® analysis with the highest
impurity being C (< 91 wt. ppm) followed by O (< 39 ppm) and H (< 5 ppm).

Results
Mechanical P .

The yield stress of single crystal MoSia was determined by compression along [021],
{771), and [001}, and the results are shown in Figure 1. The yield stresses in the [001] orientation
are much higher than those in the [021] and [771] orientations. For compression in the [001]
orientation at 900-1100°C, the band shown in figure ! starting at ~600 MPa and ending at ~1400
MPa represents yielding, which occurred by a series of load drops followed by elastic reloading
until the test was stopped at the load limit of the testing machine. At 1200°C, the sample was
loaded to the load limit of the testing machine without yielding (as noted by an arrow pointing
upward). At teinperatures above 1200°C the yield stress sharply decreases with decreasing strain
rate and increasing temperature. For deformation along [771] and [021], the yield stress is not
very sensitive to strain rate and decreases with increasing temperature. At 1000°C along [771] and
[021], cracking occurred before a yield point was observed.

* Leco Corporation, 3000 Lakeview Ave., St. Joseph, MI 49085-2396
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Fig. 2 Stress/strain curves for rate jump tests performed in compression along [001] at 1400°C and
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Rate jump tests were performed at 1100°C along {021] and {771] and at 1400°C along
[001] as shown in Figure 2. For the test performed along [021], a stress exponent of 20 was
observed, while for the test performed along [771], a slightly larger stress exponent of 7 was
observed. Finally, for the test performed along [001] a stress exponent of 3.9 was found. The
stress exponents are in close agreement with those obtained from separate tests performed at strain
rates of 1x10-5/s and 1/104/s.

Slip Trace Agalysi

The slip trace analyses made after deformation along {001], {021}, and [771] are
summarized in Table [I. The characteristics of the slip traces varied depending on the temperature
and compression axis. For example, for deformation along [001] at 900°C, very fine {013} slip
traces were observed while the slip traces observed at 1000 and 1100°C were also fine but inclined
by ten degrees to the angle expected for {013} slip. At higher temperatures, no slip traces were
observed. For deformation along [021], distinct { 110} slip traces were observed after deformation
at 1000-1200°C, while at higher temperatures, slightly curved {013} slip traces were observed.
Finally, for deformation along [771], {013} slip traces were observed after deformation at 1000-
1100°C at a strain rate of 1x10-4/s and at 1000°C at a strain rate of 1x10-5/s. For deformation along
{771} at higher temperatures and both strain rates, primary slip occurred on {011} planes, while
cross-slip was observed on {013}, and {011} planes.

IEM Analysis

The dislocations' Burgers vectors and their glide planes determined from detailed TEM
analyses are also summarized in Table II. For deformation along [001] at 900-1100°C, 1/2<331>
dislocations were observed lying in the {013) plane. The 1/2<331> dislocations were often
observed to be decomposed into 1/2<111> and <110> dislocations (a further explanation of the

decomposition is given by Maloy et al. (1993) [9]). The extent of the decomposition reaction
increases with temperature, thereby effectively immobilizing the 1/2<331> dislocation at

Table II Summary of Slip Trace and TEM Analyses
Onientation | Temperature ] otrain  KRate p Traces | Dislocations ] Plane | Ship
(°C) (/s) Burgers vector System
[001] 1400-1600 104 none <100>, ©01) I
<110>
1/2<111> {110}
900-1100 10-5 {013} 172<331>, {013} [H
12<111>,
<110>
1200- 1400 10-5 none <100>, o1y 11
<110>
172<111> {110}
1021) 1000-1T200 104 and 105 | (110} 12<111> {110} [D
1300-1400 104 and 10-5 [ {013} <100> 0Ty A
1771} 1000-1100 104 {013} 172<331>, {013} |H
1/2<111>,
<110>
1200-1300 |04 {011} <100> {011}
Cross-slip
10-5 (015)sﬁ <100> {011} [A
cross-slip
[ TT00-1300 | 103 (1]§)] <100> [OIT} [F
cross-slip
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temperatures above 1100°C. After deformation at higher temperatures, <100> and <110>
dislocations were observed in the form of low angle grain boundaries, while in some areas,
1/2<111> dislocations were also observed, often lying on the {110} plane. The <100> and
<110> dislocations result from reaction of 1/2<111> dislocations.

For deformation along [021], 1/2<111> dislocations on {110} planes were observed at
1000-1200°C while <100> dislocations lying on the (001) plane were found at 1300-1400°C.
Finally, for deformation along [771], at 1000-1100°C and a strain rate of 10-4/s, 1/2<331>
dislocations were observed lying on the (013} plane. As observed for deformation along {001},
the 1/2<331> dislocations were decomposed into 1/2<111> and <110> dislocations. For
deformation at other temperatures, <100> dislocations were found on the {011} plane and the
formation of low angle boundaries occurred during deformation at 1300°C.

Discussion

From the slip trace and TEM investigations, the active slip systems were determined and
are listed in Table II. The slip systems are labelled as per Table 1. For deformation along {001) at
1300-1600°C, <100>, <110> and 1/2<111> dislocations are observed. Since the Schmid factor is
zero for deformation via the <100> and <110> dislocations and on the {110} plane, it is assumed
that the <100> and <110> dislocations are formed by reaction of 1/2<111> dislocations gliding on
the {011} plane (slip system I). For deformation along [021] at temperatures of 1300-1400°C, the
dislocations observed lie on the (001) plane. Since the slip traces involve slip on the {013} plane,
it is assumed that the dislocations climb after deformation via the {013}<100> slip system (A) to
position themselves on the (001) plane. For deformation along [771} at 1000°C, <100>
dislocations are observed lying on {011} planes. Since the slip traces reveal cross-slip from
{013} 1o {011} planes, it is assumed that the majority of slip occurs on the {013} plane via slip
system A.

Therefore, slip occurs on five different slip systems, depending on the orientation of the
compression axis, temperature and strain rate at which the test was performed. When deforming in
the hard orientation, [001], slip must occur via slip systems with long Burgers vectors and rather
open slip planes (H and I). On the other hand, when deforming in the easy orientations, [021] and
[771], slip may occur by means of slip systems with short Burgers vectors and dense slip planes
(D, A and F). Slip only occurs on a slip system with a long Burgers vector and the second densest
slip plane ({013}1/2<331>) when deforming along [771] at low temperatures and high strain
rates.

The rate jump tests reveal information about dislocation motion in MoSiz. The highest
stress exponent (20) is obtained for deformation along [021] at 1100°C. At this temperature
deformation occurs via the {110}1/2<111> slip system (D). The 1/2<111> dislocation can
dissociate by glide into two 1/4<111> partials separated by a superlattice intrinsic stacking fault
with an energy of approximately 255 m}/m2 (Evans et al. 1993 [10], Maloy 1993 [7]) on the
{110} plane. This lowers the Peierls stress for glide on this slip system which eases glide on slip
system D and may be the cause of the high stress exponent. The next highest stress exponent (7)
was recorded for deformation along [771] at 1100°C. At this temperature and strain rate,
deformation occurs by glide on the {011}<100> slip system, although cross-slip is observed on
the (013} and {011} planes. Although the lowest stresses are recorded for slip on the
{011}<100> system (F), the cross-slipped segments may hinder dislocation motion, yielding a
lower stress exponent than was measured along [021]. The lowest stress exponent (3.9) is found
for deformation along [001] at 1400°C. At this temperature, deformation occurs via glide on the
{011)}1/2<111> slip system (I). The yield stress is high and many low angle boundaries are
observed after deformation suggesting that the Peierls stress is high and climb is occurring. This
may be the reason for such a low stress exponent.

Conclusions

1) The temperature dependence of the flow stress in single crystal MoSiy has been determined at
temperatures between 900 and 1600°C at strain rates of 104/s and 10-5/s. The flow stress in the
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[001] orientation is an order of magnitude higher than thai measured in the [771] orientation at
1300°C. The flow stress decreases sharply with increasing temperature.

2) Five different slip systems can be activated, depending on the temperature and strain rate at
which the test is performed: {013}<100> (A), {110}1/2<111> (D), {011}<100> (F),
{013}1/2<331> (H) and {011}1/2<111> (I). Slip systems involving the densest planes, (A, D
and H), are activated at temperatures of 900-1200°C while those involving the shortest Burgers
vectors are activated at 1200-1600°C (AF, and I).

3) To investigate the strain rate sensitivity of single crystal MoSi», rate jump tests were performed
at 1400°C along [001] and 1100°C along {021] and {771] giving strcss exponents of 3.9, 7, and 20
respectively.
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ABSTRACT

A systematic study of the structure-mechanical properties relationship is reported for
MoSi-8iC nanolayer composites. Alternating layers of MoSi2 and SiC were synthesized by DC-
magnetron and rf-diode sputtering, respectively. Cross-sectional transmission electron microscopy
was used to examine three distinct reactions in the specimens when exposed to different annealing
conditions: crystallization and phase transformation of MoSi3, crystallization of SiC, and
spheroidization of the layer structures. Nanoindentation was employed to characterize the
mechanical response as a function of the structural changes. As-sputtered material exhibits
amorphous structures in both types of layers and has a hardness of 11GPa and a modulus of
217GPa. Subsequent heat treatment induces crystallization of MoSi; to form the C40 structure at
500°C and SiC to form the « structure at 700°C. The crystallization process is directly responsible
for the hardness and modulus increase in the multilayers. A hardness of 24GPa and a modulus of
340GPa can be achieved through crystallizing both MoSi; and SiC layers. Annealing at 900°C for
2h causes the transformation of MoSis into the C11}, structure, as well as spheroidization of the
layering to form a nanocrystalline equiaxed microstructure. A slight degradation in hardness but
not in modulus is observed accompanying the layer break-down.

INTRODUCTION

Enhancement of mechanical properties of nanoscale materials has been predicted and
observed in a number of multilayer structures [1-2]. Specifically, metal-metal systems have shown
increased yield and fracture strength [2-3]. The availability of fine scale high strength materials
may extend the applications of multilayered films into high temperature environments, such as
protective surface coatings for high temperature structural applications. Therefore, the
transformation of phases and the stability of layering are particularly important. This study
examines both issues for MoSiz-SiC multilayer structures.

MoSi3 is a potential matrix material for high temperature structural composites due to its
high melting temperature and good oxidation resistance at elevated temperatures [4]. The two
major drawbacks for structural applications are inadequate high temperature strength and poor low
temperature ductility. The need for composite additions has become the focus of extensive
investigations in recent years [5]. On the other hand, SiC, being elastically hard and brittle, has
been used as a reinforcing second phase in various intermetallic and ceramic compound matrices.
Specifically, the addition of SiC whiskers has provided significant improvement in the high
temperature yield strength of MoSi3 [6].

In a previous report (7], it was shown that these MoSiz-SiC multilayers exhibit superior
oxidation resistance and significant hardness increase through annealing at 500°C. In this study,
we have systematically investigated both the evolution of phases and the stability of layers by
varying the heat treating conditions. By monitoring the changes in hardness and modulus with
different structural changes, a trend in the structure-mechanical properties relationship can be
established in these multilayers.
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EXPERIMENTAL PROCEDURE

Altemnating layers of MoSi2 and SiC were prepared by sputter deposition at a pressure of
1.33Pa with an argon flow of 10sccm/min. Prior to deposition the chamber was evacuated down
to a pressure of 104 Pa. Silicon (111) substrates were used for most of the depositions. MoSiz
was sputtered from a planar magnetron target at a DC power of 100-200W. Silicon carbide was
sputtered from a SiC diode target at an rf power of 130-200W. The deposition rates of MoSiy and
SiC were 32 and 7nm/min, respectively, at a power of 200W. The MoSi-SiC layered composites
were prepared by cyclically passing the samples beneath the two targets at such a rate and target
power that the constituent SiC layers had a nominal thickness of 3nm and MoSi; layers 10nm. A
total of 90 sublayers of each kind were produced for each film. The multilavers were then
annealed at 500, 600, 700, 800°C foi' 1h and 900°C for 2h, respectively, in a vacuum of 108 torr.

Investigation of the surface hardness was performed using an indentation load-depth
sensing apparatus, commercially available as a Nanoindenter™ [8,9]. This instrament directly
measures the load on a triangular pyramid diamond indenter tip as a function of displacement from
the surface. Hardness is determined from the load data using the relation:

H=L(h)/A(h),
where L(h) is the measured load, and A(h) is the projected area of the indent as a function of the
plastic depth h. The area function is determined by an iterative process involving indents into
materials of known isotropic properties [9). Measurcments were made under a constant load rate
of 20mN-sec-! to a nominal depth of 70nm. Typically ninc indents were made on each sample and
the data averaged. The depth of the indents was chosen to be less than 10% of the total thickness
of the nanolayered composites [10]. As discussed by Doerner and Nix [11], the actual depth of the
indent includes the plastic depth as well as the elastic recovery of the material as the indenter is
removed. Following their analysis, we used the unloading portion of the curve to estimate the
elastic contribution to the total displacement. This analysis assumes a homogeneous material,
rather than a layered surface structure, but the limitation on the depth of the indentation should
validate this assumption.

As-deposited and annealed multilayers were made into cross-sectional transmission electron
microscopy (XTEM) specimens and were examined using conventional and high resolution
transmission electron microscopy (HRTEM) on a Phillips CM30ST microscope operating at
300kV. Optical diffractograms were taken from the lattice images; the patterns were then analyzed
to identify the phase and orientation of each pattern.

RESULTS
M Te. i

Fig. 1(a) shows the XTEM image of the as-deposited multilayers. The average layer
thickness was estimated to be 15nm and 2.7nm for MoSi2 and SiC layers respectively. Selected
area diffraction (SAD) patterns taken from the multilayered region revealed the amorphous
structure as is represented by the diffuse rings in Fig. 1(b). Annealing the multilayers at 500°C for
1h induces crystallization of the amorphous MoSiz to form the hexagonal C40 structure which is a
metastable structure of MoSiz [12]. SiC, on the other hand, remains amorphous.

Fig. 2(a), taken after anncaling at 700°C, shows that the layer structure is preserved.
Careful examination of the SAD pattern (Fig. 2(b)) indicates the presence of a few extra spots
(indicated by circles) superimposed on the continuous ring patterns of the polycrystalline C40
structure. Analysis of the extra spots discloses that these extra reflections can be matched to the
6H structure and possibly other polytypes of a-SiC. XTEM image of an 800°C 1h-annealed
multilayers is shown in Fig. 3(a). The two major differences between the 700° and 800°C annealed
specimens are that the MoSiy layer dimension changes and the SiC layer morphology changes.
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The average grain size within the MoSi2 layers has increased by ~20% from 15nm to 18nm. The
SiC layers have broken down to form discontinuous segments. Fig 3(b) shows a HRTEM image
of the layer structure. It can be seen that some parts of the SiC layers (originally ~2.7nm thick)
have spheroidized to form equiaxed shaped grains (grain size ~18nm) and extended into the
original MoSij layers. As a result, the grains in the MoSiy layers has grown outward towards the
adjacent MoSiz layers to take up the space originally occupied by the layered SiC. In addition to
the change in layer morphology, evidence from the SAD pattern suggests the onset of the phase
transformation of MoSij to the stable tetragonal C11, structure.

Fig. 1(a) XTEM micrograph showing the as-sputtered MoSiz-SiC multilayers. Darker layers are
MoSi2, and the lighter layers are SiC. Fig. 1(b) Corresponding SAD pattern showing the
amorphous structure in both layers.

Fig. 2(a) Layered structure of MoSi2-SiC multilayers annealed at 700°C for th. (b) SAD pattern

showing extra spots corresponds to 6H structure and possibly other polytypes of a-SiC (indicated
by circles) superimposed on polycrystalline rings of C40-MoSij.
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900°C annealing for 2h has caused the break-down of the layered structure to form an
equiaxed nanocrystalline composite. Fig. 4(a) shows a dark field image of the composite. The
average grain size is in the range of 30nm, while there are a few larger grains (indicated by arrows)
having diameters between 200 and 400nm. Some of the very large grains were identified to be
6H-SiC. The SAD pattern indicates that all of the C40 phase MoSiz has transformed at this
temperature to form the stable C11y, structure. Fig. 4(b) shows a lattice image of an interface
between a MoSiy grain (dogp= 3.92A) and a 6H-SiC grain (djgi4=2.17A). The interface is free of
any glassy phase.

Fig. 3 (a) XTEM micrograph of an 800°C 1h-annealed multilayers. (b) HRTEM image showing
evolution of layered structure: spheroidization and growth of SiC into the original MoSi; layer.

Fig. 4(a) Dark field image of a 900°C 2h-annealed composites showing equiaxed microstructure.
The average grain size is ~30nm with a few large grains (as indicated by arrows) in the 300nm
range. (b) HRTEM lattice image of an interface between two neighboring grains of C11,-MoSiz
(dgoz= 3.92A) and 6H-SiC (d9j4=2.17A).
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Nanoindentation M

The hardnesses and moduli of the multilayered composites determined by nanoindentation
are listed in Table I. All indents have a penctration depth less than 10% of the total thickness to
avoid any influence from substrate effects. The scatter of the data is in average less than 4% of the
value averaged from the nine measurements. The measured hardness and modulus of the as-
sputtered multilayer are 11GPa and 217GPa, respectively. A 500°C-1h anneal has increased the
hardness by almost 80% (20GPa) and the modulus by 30% (290GPa). This effect is mainly due
to the crystallization of the MoSi layers. Another significant change in hardness and modulus
occurred after a 700°C annealing for 1h. An increase in hardness to 24GPa and in modulus to
326GPa corresponds well with the evidence of the SiC layer being crystallized at temperature at or
above 700°C in the multilayers.

Not much change in either hardness or modulus was detected by increasing the annealing
temperature to 800°C even though the layering started to show signs of breaking down. After the
layers spheroidized at 900°C, a slight decrease in hardness was observed from 23.8 to 21.6GPa,
perhaps due to grain size effect, while the modulus remained at ~340GPa.

Table I Hardness and Modulus of MoSis-SiC Multilayered Films

Condition Layer Structure | Phase: MoSi>/ SiC ]| Hardness (GPa) ] Modulus (GPa)
As-Sputtered Layered Both Amorphous 11.5 217
500°C-1h Layered C40 / Amorphous 20.8 290
700°C-1h Layered C40/a 24.0 326
800°C-1h | Partially Layered C40+Cl1 1/ 238 344
900°C-2h Equiaxed Cllya 21.6 338
DISCUSSION

The phase transformation behavior of MoSiy layers within the multilayers agrees well with
that of single phase MoSi; films [13,14]. It has been shown that, at ~500°C, the C40 structure
crystallizes from the amorphous structure, while at temperatures above 800°C it starts to transform
to the Cl11p structure. This agreement suggests that the presence of SiC layers pose no influence
on the crystallization process of MoSi2 within the temperature range studied.

The clue to the onset of layer spheroidization was obtained by examining the 800°C 1h-
annealed multilayers. The significant growth and coarsening of SiC into MoSiy layers, as
compared to the relatively mild grain growth in MoSi; layers, suggests that the coarsening process
may be favorable both thermodynamically and kinetically. One obvious driving force is the
reduction in interfacial area/energy through spheroidization. It has also been shown that the carbon
self diffusion rate through grain boundaries in SiC is several orders of magnitude larger than either
carbon or silicon lattice diffusion [15]. On the other hand, the diffusion of Mo and Si in MoSiy is
very slow below ~1200°C [16). No quantitative comparison can be made of the self diffusion
coefficients of Mo, Si and C due to the scarcity of comparable diffusion data. It can only be
speculated that the abundance in interface area may provide favorable diffusion paths for C (and
possibly also Si) to complete the growth process.

It has been demonstrated in this study that the mechanical properties are directly related to
the crystallization process in multilayered films. Significant improvement in both hardness and
modulus can be achieved through crystallization of both MoSiz and SiC layers while still
maintaining the layering structure. A maximum hardness value of 24GPa was obtained, which is
higher than either single crystal MoSiz, 10GPa (nanoindentation) [17}, or reaction sintered MoSi3-
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30v/0SiC, 14.2GPa (microindentation) [18]. One possible explanation for the high hardness value
is the nanocrystalline structure of these films.

The preservation of the nanocrystalline structure (grain size ~30nm) after 900°C annealing
may be attributed to two factors. One is the slow diffusion process in MoSij at this temperature.
Secondly, the presence of homogeneously distributed SiC among the matrix may be imposing
constraints on the MoSiz grain boundaries to prevent severe grain growth. The maintenance of
high hardness even after layer break-down shows the potential of the multilayers to be used for
high temperature coating applications. Future experiments have been planned to investigate the
effect of prolonged high temperature exposure on the mechanical properties.

CONCLUSIONS

Amorphous structures are present in the as-sputtered multilayers. Crystallization of MoSi;
and SiC layers significantly increases the hardness and modulus. A maximum hardness of 24GPa
and a modulus of 326GPa are obtained through annealing at 700°C for 1h where layered MoSi;
(C40) and SiC (o plus other polytypes) remain stable. The onset of layer spheroidization starts
when annealing at ~800°C. Increasing the temperature to 900°C for 2h causes the complete layer
break-down to form a nanocrystalline equiaxed microstructure and the transformation of MoSis to
the C11b structure. A slight decrease in hardness is observed accompanying this structural
change.
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SYNTHESIS AND PROPERTIES OF IN-SITU MoSiySiC COMPOSITES
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ABSTRACT

Compositionally-tailored, silica-free, MoSiz/SiC composites with SiC content ranging from 0
10 40 percent were synthesized through a novel processing scheme involving mechanical alloying
and in-situ reactions for the formation of the reinforcement. Room temperature indentation
fracture toughness and hardness measurements were obtained from these silica-free composites
and were compared with values obtained from silica-containing, conventionally-processed
MoSiy/SiC composites.

INTRODUCTION

Conventional powder processing techniques for the fabrication of MoSi; result in the
incorporation of silica (originally present as a surface layer on the powders) into the consolidated
samples. The presence of silica is believed to be detrimental, since the particles may serve as
crack nucleation sites at lower temperatures, while enhancing grain boundary sliding at
temperatures above the softening point of silica. Additionally, the overall matrix stoichiometry is
altered. Considerable efforts have therefore been made to eliminate or control the silica content
through the addition of deoxidants such as carbon [i-4] and erbium [5], through clean
processing [6,7], and through surface etching of the powders prior to consolidation [1].

In order to achieve the dual objective of silica elimination and control of the stoichiometry, a
novel process combining mechanical alloying with the carbothermal reduction of silica has been
used to synthesize MoSi»/SiC composites [2,4]. While mechanical alloying would result in a
microstructurally uniform and compositionally homogeneous alloy of the desired stoichiometry,
the carbothermal reduction would reduce the silica to SiC. Furthermore, MoSiy/SiC composites
with varying amounts of SiC could be produced by suitable control of the starting compositions
of the powders derived from the mechanical alloying process.

EXPERIMENTAL

Processing

The study focused on the processing and property evaluation of silica-free MoSi>/SiC
composites with reinforcement contents of 20 and 40 volume percent (v/o) produced through
mechanical alloying and in-situ displacement reactions. For this purpose, elemental powders of
molybdenum (3-7 um, Johnson Matthey), silicon (98% pure, -325 mesh, Cerac), and carbon
(99.5 % pure, -300 mesh, Johnson Matthey) were subjected to mechanical attrition for a period
of at least 24 hours. The choice of powder compositions was based on the 1600°C isotherm of
the Mo-Si-C system as proposed by several workers [8,9] (see Fig. 1). Nominal compositions
were chosen in the MoSiz + SiC + CMosSi3 (Nowotny phase) three phase field, close to the
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MoSi>-SiC tie line so that the volume fraction of undesirable phases would be kept t0 a
minimum; these corresponded to 20 and 40 v/o SiC (hereafter designated as MA20 and MA40).
Details concerning the processing rationale and the microstructural evolution during mechanical
alloying and hot consolidation can be found elsewhere [ 4, 10}.

To achieve the optimum microstructure in the
MA materials, the consolidation process is
carried out in two stages. The MA powder is
loaded in dies and a very low pressure (less than
10 MPa) is applied on the cold compact, so that
the sample has sutficient open porosity for the
entrapped gases to escape during the degassing
and silica reduction reactions. The sample is
ramped up to 1500°C and held at that temperature
for at least 30 minutes to deoxidize the matrix.
Subsequently, it is heated to 1650°C under an
argon environment (7 psi) and densified for an
hour under a uniaxial pressure of 35-40 MPa.
The pressure on the compact is subsequently
released and the sample cooled to room
temperature at 10°C/min. o Fig.1 Schematic of the ternary Mo-Si-C

It should be noted that processing variables isotherm at 1600°C as proposed by
such as the temperature and the partial pressures otny et al. (9.
need to be carefully controlled while processing
MoSi; and MoSiy/SiC composites. As Fig. 2a clearly indicates, the equilibrium dissociation
pressure of Si over MoSi; increases rapidly above 1650°C {11,12]. Thus, conditions typically
present during vacuum hot pressing, such as high temperatures and low vacuum ievels would
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Fig. 2.(a) Equilibrium dissociation pressures of Si over MoSis, as adapted from [12].
(b_) BEI of the surface of a MA40 sample hot pressed at 1700°C, showing silicon depletion.
Light phase is the Nowotny phase, grey phase is MoSi and dark phase is SiC.

result in the progressive volatilization of elemental silicon from the silicide and result in
substantial weight losses. Such a volatilization reaction would be exemplified by the loss of
elemental silicon from the surface of the sample, and the resultant formation of a Mo-rich phase
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such as MosSi3 or the Nowotny phase. Fig. 2b is a backscattered electron image of the surface
of the MA40 material that had undergone silicon volatilization after being hot pressed under a
vacuum of less than 10-3 torr at 1700°C for 1 h. Similar effects have been reported during the
processing of monolithic MoSiz [13].

For purposes of comparison, composites with 20 and 40 v/o SiC reinforcement were
fabricated using the conventional approach of dry blending MoSi; (99.9% pure, -325 mesh,
Johnson Matthey) and SiC powders (< 1 um average diameter, 99.9% pure, Cerac) in the
appropriate proportions followed by hot consolidation (hereafter designated as C20 and C40).
Monolithic MoSij was also processed from commercial MoSi; powder (99.9% pure, -325 mesh,
Johnson Matthey). In order to facilitate the meaningful comparison of properties between the
conventionally processed and compositionally tailored in-situ composites produced by
mechanical alloying, the size distribution of the SiC powders was chosen such that they matched
the reinforcement sizes in the in-situ processed material. Hot pressing of the conventionally
processed composites was performed in graphite dies under a vacuum of 10-3 torr or better, with
a pressure of 35 MPa at 1600°C for a hold time of 1 h. Subsequently, samples were cooled at
the rate of 10°C/min to room temperature.

Specimens for microstructural characterization and Vickers indentation measurements were
electro discharge machined, ground to remove the recast layer, and polished to a 1 pm diamond
finish. Microstructural ai.«lysis of the consolidated samples was performed on a JEOL 6400
SEM equipped with a Tracor Northern EDS unit with light element detection capabilities, while
phase analysis of the consolidated mechanically alloyed samples was conducted by XRD using
Ni-filtered Cu Kq radiation on a Philips APD 3720 diffractometer with digital data acquisition.
Since MoSi; responds well to polarized light, grain size measurements in the composites and the
monolithic material were performed using cross-polarized light microscopy. Bulk density and
open porosily measurements were also made on all the hot pressed samples using the
Archimedes method with deionized water as the liquid medium.

Hardness and Fracture Toughness

Vickers microhardness indentations, each at least 3 mm apart (to minimize interactions
between neighboring cracks) were made on the surfaces of the samples polished to 1 um
diamond finish. The indentation loads spanned a range from 49 N to 245 N for a contact time of
15 s, with a minimum of 4 indentations per indent load per sample. The minimum indentation
loads were selected so as to achieve a minimum value of 2 for the ratio of the half penny crack
radius (c) and half the diagonal of the Vickers impression, a requirement recommended in
conventional practice for toughness measurements by indentation. In the case of the monolithic
MoSi; (examined as a control sample), extensive microcracking around the indenter prevented
the formation of well defined cracks for loads up to 196 N, in part due to the large grain size.
The lengths of the indent diagonals (2a) and the radial cracks (2c) were measured and the
hardness (H) and fracture toughness (K.) were calculated using the following equations [14]:

H =P /a2 (H
and
K. = 8 (B2 (Prc)’2 )

where P is the peak indentation load, o.= 2 for a Vickers indenter, 8 is a material independent
constant (8§ = 0.016) and E is the Young's modulus of the material. The Young's moduli of the
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composites were calculated using literature values for MoSij [15] and SiC [16] and assuming the
rule of mixtures behavior (Voight bound).

RESULTS AND DISCUSSION

Bulk density measurements of the various composites prepared during this study show that
near full densities (99% or greater) were achieved for the in-situ composites and the
conventionally processed (CP) composites for compositions up to 40 v/o SiC. It should be
noted that the estimation of the theoretical density of the in-situ composites was made after
determining the actual volume fraction of SiC in the composite through standard point count
techniques. The results of near-complete densification for the in-situ composites are significant
from the standpoint of processing, since it involved the deoxidization of SiO; and the effective
removal of the product gases CO and CO;, in order to avoid gas porosity in the samples.

Microstructures

Fig. 3a shows a backscattered electron image of the hot pressed specimen MA20. The
microstructure consists of a uniform distribution of 1-2 pm sized low Z particles dispersed in an
intermediate-Z matrix. XRD and EDS analysis together indicated that the low Z phase is SiC,
while the intermediate Z phase is MoSi;. In addition, minor amounts (< 1v/o0) of the high Z
Nowotny phase were observed. Furthermore, the relative volume fractions of these phases were
found to agree very well with the location of the nominal powder compositions in the 1600°C
Mo-Si-C isotherm of Nowotny. The grain size of the MoSip was relatively uniform and between
6-8 um. Polarized light microscopy indicated that the SiC particles were located primarily at the
MoSi; grain boundaries. Occasionally, large SiC grains were also observed. Previous TEM
analysis of similarly processed material [4] revealed that the grain boundaries were free of the
siliceous intergranular phase.

The microstructure of the hot-pressed MA40 alloy (Fig. 3b) shows a dispersion of SiC in the
MoSi; matrix. However, the SiC size is considerably larger and the distribution considerably
more inhomogeneous than the MA20 material, possibly due to the diffusion-controlled
coarsening of SiC brought about by the smaller interparticle spacing associated with high volume
fraction of SiC. Indeed, the presence of necks between adjacent SiC particles as in Fig 3b is
indicative of coarsening by coalescence. This coarsening leads to a wider size distribution and a
higher mean particle size, and results in a wide variation in the MoSis grain size distribution due
to varying Zener drag on the grain boundaries. The MoSi; grain size varies between 2 and 7 um,
with the mean grain size close to 5 um The SiC is irregularly shaped, with a size range from 1
-10 pm.

The microstructures of the conventionally-processed (CP) composites C20 and C40 are
shown in Figs. 4a and 4b and are typified by an inhomogeneous distribution of the SiC particles.
These microstructures are characterized by particle-free islands of MoSiz surrounded by a
network of irregularly shaped SiC particles. It should be recognized that in this case, the
inhomogeneous distribution is due to the relative starting powder sizes of the MoSi; and SiC.
The size of the SiC is much greater than the initial starting size of less than I pm, indicative of its
coarsening during consolidation. Both of these microstructures are exemplified by a wide
distribution of matrix and reinforcement grain sizes. The C20 composite has a MoSi; grain size
range ranging from 2 - 10 um, with a mean of 7 um, while for the C40 composite, these values
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range from 2 - 8 pm, with a mean of around 5 um. These relatively wide distributions in the
matrix and reinforcement grain sizes are significant since they may enhance the magnitude of the
thermal mismatch stresses between the two phases.

X

of (a) MA20 and (b) MA40. Phase designations are the same as that of Fig. 2b.

" - 0 p'm ) L
Fig. 4 Secondary Electron Image of (a) C20 and (b) C40.

Properties

Fig. 5 shows the variation of the Vickers Hardness as a function of reinforcement content of
the composites. For the purpose of comparison, the hardness of the composites as predicted by
a simple rule of mixtures is also plotted. It should be noted that while the hardness values of
single phase MoSiz (~20 pum grain size) studied in this investigation is 8.561 0.5 GPa, a slightly
higher value was used in the rule of mixtures calculation in order to account for the smaller grain
size of the matrix in the composites ( ~10 pum or less). Indeed, previous studies {13] on
monolithic MoSi; have shown the hardness to be structure sensitive, with slight increases with
decreasing grain size. The hardness value of SiC used in the rule of mixtures estimation was 25
GPa {17].

The results show that the room temperature hardnesses of the MoSiySiC composites increase
with increasing SiC content. For all reinforcement contentr, the hardnesses of the in-situ
composites were slightly higher than the CP composites, with the difference increasing with
increasing reinforcement content. Microstructural comparison between the CP and in-situ
processed composites at 40 v/o SiC loading show no marked differences in the matrix or
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reinforcement grain sizes or in their spatial

distribution to account for the observed 1e

differences. However, it may be of significance ¢ 15[ Volght Bound ~,

that the content of the intergranular silica phase in & 14

these composites are substantially different, with & 4

the MA material containing little or no silica. H

Specifically, the presence of the viscous glass E 12

phase at elevated temperatures might play a 2 1"r

significant role in the relaxation of the thermal £ 10 o

contraction stresses generated during cooldown > of

by the CTE mismatch between the reinforcement ) )

and matrix phases. % 0 20 30 40
Figs. 6a and 6b shows the variation of the Volume Percent SiC

fl:acture toughness with SiC content for th.e in- Fig. 5 Vickers Hardness of CP and MA
sit pro.cesse.d and C.P composites respectively composites as a function of SiC content.
for various indentation loads, with each data
point representing the average of at least 4 indentations. It is seen that the fracture toughness of
the in-situ composites monotonically increases through 40 v/o of reinforcement, while the
toughnesses of the CP composites seems to saturate at around 20 v/o and remains constant
thereafter. This trend in the toughness variations with increasing reinforcement content for the
conventionally processed material is consistent with earlier data [18]. Furthermore, the peak
toughness values obtained in the composites processed using the CP as well as the MA
approaches are almost identical at around 4.5 MPa. m!/2. This is possibly the limit of toughcning
for SiC particulate reinforced MoSi».
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Fig. 6 Indentation fracture toughnesses of (a) MA and (b) CP MoSi,/SiC composites as a
function of SiC content.

The data in Figs. 6a and 6b also indicates that the toughnesses are constant and do not show
any variations with the crack length, at least for the range of indentation loads used in this
investigation. The only possible exception to this trend is the indentation response of the C20
material, which seemingly shows a marginal increase in K¢ with indentation load.

Microstructural observations of the crack path seem to support the trends in the toughness
values. Examination of the crack path of the MA20 material under polarized light as well as in
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the SEM (Fig. 7a) revealed that the crack propagation was relatively straight, with a substantial
portion of the crack length being transgranular and through the silicide matrix. A limited amount
of crack deflection was also evident. For the most part, the cracks appeared to propagate through
the matrix, and in some instances, the crack cut through the SiC particles. The absence of any
interfacial debonding along the MoSiy/SiC interface suggests that the strength of this interface is
high and hence, does not contribute to toughening.

Fig. 7 Crack path arising from a Vickers indentation in (a) MA20 and (b) C40 composite.

Investigation of the crack path in the microstructures of the C20, C40 and MA40 materials
showed that all three materials displayed similar crack-microstructure interactions. Considering
the C40 material as a representative example (Fig. 7b), a small amount of crack deflection due to
the SiC particles is observed. Evidence of some crack branching is seen, although it does not
appear to be extensive. A larger portion of the crack segments were observed to run along the
MoSi,/SiC interface as well as through the SiC particles, when compared to the MA20 material.
Presumably, these differences could have contributed to the increased toughness in the case of
the C20, C40 and MA20 materials. Alternatively, it is also conceivable that the large differences
in the CTEs between the MoSiz and SiC at the processing temperatures (A = ~4 x 10-6 at
1000°C) could lead to thermally-induced microcracking, thereby contributing to increased
toughnesses, with the magnitude of the thermal mismatch stresses being higher for a wide grain
size distribution, such as the C40 and MA40 materials than for a uniform, fine grained
microstructure such as the MA20. The propagation of the cracks through the SiC particles rather
than being deflected around them is also not surprising since the lower CTE of the SiC particles
compared to the matrix would cause radial compressive stresses within the SiC particles and
tensile hoop stresses around the SiC particle in the MoSi; matrix thereby causing the crack to be
attracted towards the particles [19].

The results of the room temperature indentation fracture toughness measurements thus seem
to indicate that the intergranular glass phase does not influence the toughness as much as the
uniformity of the microstructure. However, it should be noted that K. determinations based on
direct crack length measurements are rather inaccurate and have a high degree of error.
Additional testing using at least one other large crack technique will be necessary to verify the
trends in toughnesses.
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SUMMARY AND CONCLUSIONS

MoSi2/SiC composites containing up to 40 v/o SiC have been fabricated using a novel
processing technique involving mechanical alloying, carbothermal reduction of silica and in-situ
displacement reactions. These composites are essentially free of grain boundary silica that is
otherwise present in powder processed MoSi; matrix composites which have not been
deoxidized. Homogeneous distributions of the reinforcing phase are observed for SiC contents
up to 20 v/o, while higher loadings lead to inhomogeneities brought about by the ditfusion-
controlled coarsening of the SiC due to reduced interparticle distances. Preliminary property
evaluations using indentation measurements indicate that the peak room temperature fracture
toughnesses for the silica-free MoSiy/SiC composites are similar to those of the CP composites
indicating that microstructural uniformity, rather than the presence or absence of silica, controls
the toughnesses in these composites.
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THE EFFECT OF DEFORMATION AND REINFORCEMENT PARTICLES
ON THE GRAIN GROWTH BEHAVIOR OF MoSi;

AJOY BASU AND AMIT GHOSH o
Department of Materials Science & Engineering, University of Michigan, Ann Arbor, ML

ABSTRACT

The grain growth behavior of polycrystalline MoSiz and composites containing SiC
particulates has been studied in the temperature range of 1200-1800°C during static annealing
as well as under concurrent deformation conditions. Monolithic MoSiz, with ~ 26 pm grain size
appears 1o be extremely resistant to grain growth up to 1500°C. However, the grain growth rate
above this temperature is quite rapid. When particulate reinforcements are used to reduce the
grain size of MoSi2 t0 4.4 ym, a stable microstructure is maintained up to 1500°C. Accelerated
grain growth kinetics are observed at 1800°C under conditions of large plastic strain. This
enhanced grain boundary mobility is associated with particle sweeping and particle
agglomeration effects. At lower temperatures, where dislocation creep is the more dominant
deformation mechanism these effects are absent. In the presence of a Si concentration gradient
extremely high growth rates of columnar MoSiz grains have been observed during reaction
synthesis of MoSi».

INTRODUCTION

Developmental efforts on MoSiz and its composites are underway to meet the challenges of
high temperature applications in future wrbine engines [1-2]). Microstructural stability of
reinforced MoSij is a subject of interest from the standpoint of processing and fabrication of
these materials, as well as during service at high temperature. Processing often requires large
scale plastic flow as in forging and extrusion, involving changes in grain size, textwre and
morphology[3]. At this time, adequate information is not available regarding the magnitudes of
such changes and their relationship to the changes occurring during static annealing. Among
various processes of synthesis of brittle intermetallics, reaction synthesis from elemental
constituents has also been used{4).. Such processes may offer the opportunity to produce
textured materials with columnar grain morphology. The objective of the present study has
been 10 examine the microstructural changes during several processing conditions, including hot
pressing, forging, static annealing and reaction synthesis.

EXPERIMENTAL WORK

Monolithic MoSiy was prepared from MoSi; powder (-325 mesh) procured from Cerac Inc.
SiC particulates used in preparing composites were obtained from H.C. Stark. A slurry milling
technique was used to mix the matrix powder with SiCp to develop a intimate mixture of fine
scale constituents. The powder mixtures were hot pressed in a graphite die at 1700°C for 2
hours under 28 MPa pressure. Figure 1 shows the optical microstructure of the consolidated
materials, The monolithic material consists of roughly equiaxed grains, with an average
intercept of 26 pm. This material also contains small spherical $iO7 particles located primarily
at the MoSi; grain boundaries and a small amount of residual porosity. The addition of SiC
particles as a fine dispersion acts 10 pin the MoSiy grain boundaries in the composite and
produce a stable matrix grain size of 4.6 um.
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Fig. 1. Micrographs of (a)
Monolithic MoSiz and (b)
MoSi2/20% SiCp under cross
polarized light in hot pressed
condition. The pressing
direction is horizontal.

in w i

Static and dynamic grain growth experiments were performed at 1500 and 1800°C on
samples cut from the consolidated billets. Static annealing at 1500°C was done in air for 72 and
168 hours using a Kanthal resistance furnace manufactured by CM Fumaces. The 1800°C tests
were conducted for 8 and 24 hours under an argon environment using a Centorr furnace. Static
annealing of the composite at 1800°C could not be accomplished due to reaction between the
matrix and the reinforcement phase which produced extensive void formation. Grain growth
under concurrent deformation conditions were studied successfully however, since large
cavities were absent in these. Dynamic grain growth was studied from rectangular samples, 3 x
3 x 6 mm3 in dimension, deformed at a strain rate of ~ 5 x 104 s-! between SiC platens to strain
levels of ~ 0.69 and ~ 2 at the same temperatures. The microstructures of the tested samples
were compared to the initial microstructures.

Reaction Synthesi

Grain growth during reaction synthesis of MoSi; from its elemental constituents was studied
during columnar growth of MoSi; in a Mo-Si diffusion couple. This was performed by
subjecting a layer of Si sandwiched between Mo sheets, 1.6 mm in thickness, under a pressure
of ~ 55 MPa for ~ 6 hours, at 1300 and 1500°C (~ 100°C below and above the melting point of
Si respectively). This provided a measure of grain growth under a Si concentration gradient.

Texture Development

Texture development during compressive deformation of the composite at 1800°C was
examined by comparing the {101} and the {002} pole figures of a forged sample to that of the
hot pressed material. The pole figures were obtained from the plane perpendicular to the
pressing axis using a Schulz goniometer attached to a Rigaku x-ray generator. An attempt to
determine the growth orientation of the columnar MoSi» grains during reaction synthesis was
made by using an electron buck scattering technique. Here the polished cross sectional surface
of the sample is inclined at 70.4 degrees to the incident electron beam in a SEM, and the image
of the reflecting Kikuchi patiern is captured by a camera focused on a phosphor screen.
However, only an estimate of the growth direction can be made since the plane perpendicular to
the growth direction was not studied due to a shortage of test materials.
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RESULTS AND DISCUSSION

The results of static grain growth in these materials a1 1500 and 1800°C is summarized by
the microstructures shown in Fig. 2. At 1500°C there is little change in the grain size (d) of
MosSi?, (Figs. 2a, d = 25.8 um) or its composite, (Figs. 2b, d = 4.6 um) even after annealing for
168 hours indicating that grain boundary migration is sluggish at this temperature (0.77 Tm).
However, when the temperature is increased to 1800°C (0.9 Tm) there is significant grain
growth due to rapid diffusion. Figure 2c shows large equiaxed grains of MoSip, 52.9 um
diameter, after annealing at 1800°C for 24 hours. Figures 3 and 4 show the results of dynamic
grain growth in monolithic MoSi; and the composite respectively. Defornation of MoSis to
large strains (€ = 2) at 1500°C (Fig. 3a) is accompanied by grain refinement (d = 9.4 um)
indicating that deformation at this temperature is dominated by dislocation processes.
Additionally, grain boundary microcracking is also visible as this high strain level.
Deformation at 1800°C produced a microstructure consisting of large equiaxed grains (Figs. 3b,
d = 41.2 um) which indicate that diffusional processes have a more significant contribution to
the deformation mechanism at this temperature. Consequently microcracking is also eliminated
The deformation of the composite material also shows similar results (Fig. 4). At 1500°C,
where dislocation creep is prevalent, as shown in Ref. 5, the deformed microstructure consists
of slightly refined MoSij grains (Figs. 4a, d = 4.2 um) which are flattened perpendicular to the
compression axis (aspect ratio = 2.0). However, at 1800°C, a bimodal grain structure develops,
which consists of large equiaxed MoSiy grains free from SiCp (d = 54.3 um) and particle
agglomerated regions with small, flattened grains (d = 6.5 um) bounded by SiC particulates
(Figs. 4b & 4c). The growth of the MoSi grains is accompanied by the sweeping of the SiC
particles by the migrating grain boundaries which results in the agglomeration of particles at the
boundaries.

Data from the microstructural examinations is summarized in Figs. 5 and 6. Figure §
compares the rates of static grain growth to that of dynamic grain growth in the monolithic and
the composite materials at 1500 an 1800°C. The results show that while there is little grain
growth at 1500°C during static annealing, large plastic deformation under conditions of
dislocation creep results in substantial grain refinement (Fig. 5a). The extent of refinement is
less in the composite material where the initial microstructure is much finer. However, under
conditions of diffusional creep there is significant grain growth in both materials sincethe rate of
dynamic grain growth is faster than that of static grain growth (Fig. 5b). This type of behavior
has been observed in other materials[6-8].

Fig. 2. Optical micrographs showing grain growth after static annealing: (a) monolithic MoSi3 at
1500°C for 168 h, (b) MoSiz/20% SiCp at 1500°C for 168 h and (c) MoSiy at 1800°C for 24 h.

It is worth noting that the extent of dynamic grain growth in the composite is greater than that in
the unreinforced material despite the presence of boundary pinning particles in the former.
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Fig. 3. The effect of
compressive strain on the
microstrucutre of MoSij:
(a) Deformed at 1500°C
(€ = 2.0) and (b) Deformed
at 1800°C (¢ = 1.7).
Compression axis is
vertical.

Fig, 4. The effect of compressive strain on the microstructure of MoSi3/20% SiCp composite:
(a) Deformed at 1500°C (€ = 2.0), (b) Deformed at 1800°C (€ = 2.0) and (c) Detailed structure
of region A. Compression axis is vertical.

The temperature dependence of microstructural changes occurring during dynamic grain
growth in the composite is shown in Fig. 6. Up to 1500°C, there is a slight refinement in the
matrix grain size but deformation results in an increase in the grain aspect ratio from ~ 1.1 to
~ 2.0. But with an increase in temperature 10 1800°C the enhanced diffusional activity leads to
significant grain growth accompanied by particle sweeping and agglomeration, as discussed in
Ref. 9-11. The large MoSiz matrix grains in the particle free region are equiaxed with an aspect
ratio significantly lower than that within the agglomerated region.

The accelerated rate of dynamic grain growth in the particulate reinforced material can be
explained on the basis of a simple model as shown in Fig. 7. Normal grain growth occurs by
the migration of the boundaries of smaller grains towards their centers of curvature. The
presence of particles on boundaries can lead to local stress concentration under applied load and
enhanced slip. The resulting perturbation of the grain boundary region around the particles aids
in enhanced diffusional flow of atoms tunneling into the larger grains due to curvature induced
pressure in the smaller grains behind the particles. The addition of these atoms behind the
particles causes the particles to be swept along with the migrating grain boundary. Thus at
extremely high temperature under conditions of rapid diffusional processes, the presence of
particles can result in accelerated diffusional kinetics and particle sweeping.
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Fig. 7. Schematic of a
model for accelerated grain
growth and particle
sweeping kinetics observed
in particulate reinforced
composites during
deformation at elevated
temperatures, involving
diffusion,

Grain 1 D

The deformation of the composite at 1800°C also results in the development of texture
within the material. Figure 8 compares the {101} pole figure of the deformed sample to that of
the hot pressed material. It is seen that as a result of deformation there is a 60 degree
redistribution of the {101} planes away from the center. Similar comparison of the {002} poles
showed an intensification of the poles at the center after forging. It is believed that this {002}
fiber texture formation is probably due to {001}<110> slip in MoSi2{ 12}.

(a) As hot pressed (b) Forged at 1800°C (¢ = 2)

Fig. 8. {101} pole figures from a plane normal to the pressing direction of MoSi/20% SiCp:
(a) as hot pressed and (b) as forged at 1800°C (€ = 2.0). Forging redistributes {101} poles away
from the compression axis and promotes {002 ) fiber texture.

Fig. 9 shows MoSi; formed by direct reaction between Mo and Si. The reaction rate at
1300°C is much slower than the rate at 1500°C (Fig. 9). This is consistent with the observation
that the melting point of Si is 1410°C and that the reaction at 1500°C is occurring between Mo
and molten Si as compared a solid state reaction between the phases at 1300°C. The reaction
layer consists of long columnar grains of MoSi3 with smaller equiaxed grains at their tip, and a
very small region of MosSi3 between Mo metal and MoSiz. Fig. 10 shows the grain size of
MoSi, at the different reaction temperatures as a function of reaction time. The grains formed
at 1500°C are much longer than those formed at 1300°C. However, the difference between the
width of the grains formed at the two temperatures is much less than the difference in the length
of the grains. The reaction is thought to occur by the dissolution of Mo into Si and the
subsequent precipitation of MoSij at the Mo5Si3/Si interface. The first formied MoSi; grains are
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thus spherical in shape. Subsequent formation of MoSi is controlled by the rate at which Si
diffuses along the MoSi; boundaries and reaches the MosSi3/MoSi; interface. This results in
the growth og MoSi as long columnar grains. An initial analysis of Kikuchi patterns of these
grains suggest <001> as a probable growth direction, thereby indicating the possibility of
producing strongly textured MoSi2 by this method.

100 um

MoSio

Fig. 9. Micrographs showing
reaction products formed
during synthesis of MoSiz
from elemental constituents:
(a) 1300°C for 5.5 h and (b)
1500°C for 6 h. The growth
rate of columnar MoSi;
grains is temperature
dependent.

® MosSi,
o | (©Y Reaction Synthesis)
F Growth Divection (G.D.)

Fig. 10. Grain growth
kinetics of MoSiy during
reaction synthesis along the
MoSiy growth direction and
transverse to this direction at
1300 and 1500°C.

Grain size, um

Time, h

CONCLUSIONS

(1) MoSi3 and MoSi»20% SiCp composite do not undergo static grain growth at 1500°C.
Due to dislocation creep at this temperature, there is significant grain refinement in monolithic
MoSi after severe compressive deformation (€ = 2.0). Grain boundary microcracking is also
observed in MoSi2 but not in the composite due to its finer size.
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(2) At 1800°C, MoSi; undergoes significant grain growth during static annealing. Under
dynamic conditions both the materials undergo accelerated grain growth kinetics. The extent of
growth in the composite material is greater than that in MoSij, and is accompanied by particle
sweeping and agglomeration cffects. These effects result in the formation of a bimodal
microstructure. A model is proposed to explain the particle sweeping and accelerated grain
growth behavior.

(3) Reaction synthesis of MoSiz from its clemental constituents results in the growth of
columnar MoSi3 grains at 1500°C and 1300°C. The rate of grain growth under a Si
concentration gradient is considerably faster than that involving static of dynamic grain growth
in MoSi3 or its composite.

(4) Large amount of forging deformation of MoSi2/SiCp composite generated {002} fiber
texture, possibly resulting from {001}<110> slip.
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ABSTRACT

Previous experimental evidence for the transformation of MoSiy from the high temperature
CAQ structure to the low temperature C11y, structure has been re-examined such that the fault
character and the existence of the C40 structure is now questioned. New observations of faults
in single crystals prepared over a range of growth rates from 1cm/hr to 30cm/hr are presented.
Transformation-induced stacking faults, which were previously described as 1/4<111> lying
on {110), have been re-identified as 1/6[001] condensation faults on (001). These faults were
probably produced by silicon loss during crystal growth. The contribution that these faults
may make to macroscopic strain under the action of diffusion-assisted mechanisms at elevated
temperatures is discussed.

INTRODUCTION

MoSij is presently under consideration as a high temperature structural material because it
offers an attractive combination of excellent oxidation resistance, high melting point (2020°C),
and reasonable specific strength at high temperatures [1, 2]. However, MoSi; has a brittle to
ductile transition temperature (BDTT) at ~1000°C, with only limited plasticity above the
BDTT. Three aspects of the high temperature ductile behavior have been examined in single
crystals: 1) the plastic behavior is extremely strain rate sensitive [3], suggesting the possibility
of time dependent phenomena, 2) there is significant evidence of climb dominated segments
lying in non-slip planes, and 3) transformations may play a role in enhancing plasticity [4].
The first two phenomena relate to enhanced diffusion-based mechanisms; the strain rate
sensitivity has been observed experimentally [3]. The last phenomenon relates to the
polymorphic transformation from the low temperature C11y, to the high temperature C40
structure [4, 5].

The current evaluation of the binary Mo-Si phase diagram [6] shows two allotropes of the
line compound MoSi;. The first is the hexagonal C40, which is stable between the melting
temperature (2020°C) and~1900°C. The second is the tetragonal C11p, which is stable from

~1900°C to room temperature. Tetragonal C11,-MoSi can be generated by ABAB stacking on
{110) planes, both layers being chemically equivalent. Hexagonal C40-MoSi; has ABCABC
stacking on {0001) planes, where each of the A, B, C layers are chemically equivalent to those
in C11p-MoSiz. Considering C11p as the reference structure, the C11y structure can be
transformed to the C40 structure by 1/4<111> partial displacement on {110) planes.

Previous evidence for the C11y-> C40 shear transformation was presented by Umakoshi et
al [4] for a MoSi single crystal compressed in an orientation close to [210]. They suggested

that high temperature ductility can be derived as a result of the transformation from the C11, to
the C40 structure since this activates 1/4<111> partial dislocations and creates pure stacking

49
Mat. Res. Soc. Symp. Proc. Vol. 322. ©1994 Materials Research Soclety

L




\ — - e O A e e b e e s

faults in MoSi. Additionally, it was suggested that alloying elements that destabilize the C11,
with respect to the C40 structure by the activation of stacking faults may also enhance ductility

[5].

The evidence for the C11,->C40 transformation has been questioned recently because in
equilibrium phase diagram studies of high purity MoSi2, the C40 phase was not detected {7).
Metastable C40-MoSi; can also be generated by undercooling the melt below the metastable
melting point of the C40 phase, and the occurrence of the liquid->C40->C11y, transformation
can be accounted for by metastable transformations in impure MoSiy, such as carbon stabilized
C40-MoSi;. However, even under these circumstances, the possible transformation in the
opposite direction of high purity MoSi; from the C11;, to C40 structure is unlikely.

Numerous faults were observed previously on {110) planes in rapidly solidified metastable
MoSi3 [8], but these faults were not 1/4<111> type. The dislocation dissociations in single
crystal MoSis, as reported by Umakoshi et al [4, 5], are significantly large. However, Evans
ct al [9] reported only small dissociations (~65A) of the 1/2<111> dislocation on {110) in
polycrystalline MoSiz deformed under similar conditions. Thus in polycrystalline MoSiy, the
partials are tightly bound and do not follow the scheme of large scale 1/4<111> partials
sweeping on 1/2{110) planes, as proposed by Umakoshi et al [4].

In order to examine the inconsistencies in the nature of the faults, the C11p->C40
transformation and the microstructures in the reported data, the previous data was re-examined.
Table 1 shows previously obtained experimental contrast [4] for a typical fault (RF) and the
partial (bp) together with the g.RF, g.bp tabulations for the diffracting vectors used in the
analysis. 'Fhe image recorded with g=1T0 offers the clearest invisibility for the bounding partial
as well as the stacking fault. Thus, the choice of stacking fault partial is either 1/4{111] or
1/4[11T]. However, in each case the dislocation partial visibility and the fault contrast is not
matched consistently for the remaining diffracting conditions, as shown in Table 1. For the
case of the bounding partial, at least three images should reveal no fault contrast (i.e., g.Rr= 0,
integer), whereas only one invisibility was presented [4]. Table I also shows the computed
contrast for by=1/n[001] (n=1/2, 1/6), and in these cases the experimental contrast can be
matched correctly with the computed contrast assuming the g.bp=0 criteria. Additionally, it
was proposed that the faults lie on {110) planes. However, it appears that for g=002, the
projection width of the fault is reduced to a line indicating that perhaps the fault lies in the (001)
plane or one close to it; for the fault to lie in {110) the g=002 has to be parallel to the fault. In
the present paper, faults in as-solidified single crystals will be described in detail together with
mechanisms for their formation.

Table I: Fault Analysis of experimental data extracted from Umakoshi et al {4]. The six
diffracting cocditioas are listed as presented in the published literature along with the
‘computed’ and 'experimental’ fault contrast. The experimental data has an excellent match with
a fault vector of 1/2[001] or 1/6[001], and not 1/4<111>, as suggested previously.
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EXPERIMENTAL

MoSi2 was prepared by induction melting high purity elemental molybdenum and silicon
in a segmented water-cooled copper crucible under an atmosphere of high purity argon prior to
crystal growth. Single crystals of MoSi; were grown using the Czochralski method from the
same crucible [10], at growth velocities of 30cm/hr and 12cm/hr, and also by the optical
imaging float zone technique using a growth rate of 1cm/br, as described by Kimura et al [11]).
TEM disks were sliced and slurry drilled from the single crystals. Thin foils were prepared by
ion milling,and examined in a Phillips CM-30 transmission electron microscope operating at
100-300kV.

RESULTS

In crystals grown at the lowest velocity of 1 cm/hr, a low density of <100] dislocations
was observed in the as-grown crystals, as shown in Fig. 1. The dislocation in Fig 1(a)
exhibited a g.b=0 type of contrast for g=103, as shown in Fig. 1(b), and g=200, as shown in
Fig. 1(f), yielding a fault vector = 010. Trace analysis indicated that the dislocation segments
had line directions close to [100] and [110] such that the edge and the mixed segments of the
dislocation were confined to the (001) plane. The stacking fault imaged, Fig. 1(a) and Fig.
1(b), exhibited a g Rp=0, integer type contrast for g=T10, Fig. 1(c), g=110, Fig. 1(d), g=020,
Fig. 1(e), and =200, Fig. 1(f), yielding a Rp=1/x[001], where x=1/6 or 1/2. Further details
about the fault plane and the leading partial are given in Fig. 2 for a similar fault.

Both the stacking fault and the bounding partial were visible for g=0T3, Fig. 2(a), and
g=T03, Fig. 2(b). The stacking fault exhibited a g.R=0 or integer type of contrast for g=1T0,
Fig. 2(c), g=110, Fig. 2(d), g=020, Fig. 2(e), and g=200 Fig. 2(f), thus indicating an
R¢=1/n[001]. The partial exhibited a g.b=0 and g.b x u=0 type of contrast for g=1T0, Fig.
2(c), g=110, Fig. 2(d), g=020, Fig. 2(e), and g=200 Fig. 2(f). Trace analysis indicated that the
fault was spread out on the (001) plane with the line directions (u;) of the curved partial as
A=100 and B=010. Thus, both A and B exhibited a g.bxu=0 type of contrast for g=200, Fig.
2(f), and g=020, Fig. 2(e), respectively. Conventional dark field imaging and = g contrast
revessal indicated the contrast was of the intrinsic type. In crystals grown at 30cm/hr no [001]
faults were identified. In some areas MosSi3 rod precipitates were observed aligned along
<110] in crystals grown of the range of growth rates.

DISCUSSION

The experimental observations of [001] faults in the present study are essentially similar to
those presented by Umakoshi et al[4] in deformed single crystals. However, in the present
study the faults were observed in the as-solidified crystals, whereas Umakoshi et al.[4] only
reported them in deformed crystals. It is also surprising that the {001] faults were generated
previously during compression of single crystals in the [210] orientation, because there is no
net normal stress or shear stress on the (001) plane. It is more likely that the faults, which
have been previously attributed to deformation [4], were in fact present in the as-solidified
crystals, as was observed in the present study.

There are two possible mechanisms for the formation of the [001] faults. First, they could
be produced by condensation of vacancies, and second, they could be created by removal of
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; Figure 1. TEM mic phs of <100] dislocations observed in single crystal MoSi2 grown at
=lcm/hr. a) g =013, B = [331], b) g = 103, B =~ [331],c) g =T10, B = [IT1],d) g = 110, B
= [001], e) g = 020, B = [001], g) g = 200, B ~ [001] . The dislocation appears to interact with
the stacking fault and is spread out on the (001) plane of the fault.
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103, B = [331],c) g = 110, B = [001}, d) g =110, B = [001], ¢) g =020, B = [001), f) g =
: 200, B = [001]. Dislocation segments A and B have line directions [100] and [010], respectively
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silicon from the MoSiz unit cell. The first mechanism is unlikely because no such
condensation faults were observed in rapidly quenched specimens studied previously 8], or in
crystals grown at faster growth rates. The second mechanism is more likely, since the
observation of such faults can be related to high temperature exposure of the crystal during
growth and/or mechanical testing, where the problem of silicon volatilization is well recognised
[12). For stacking in the [001] direction of the C11y, the unit cell is made up of seven different
layers, 3-Mo layers and 4-Si layers, as shown in Fig. 3.

Figure 3. The unit cell of C11p MoSi. e

The unit cell consists of sheets of Mo and Si atoms on the (001) planes with 1/6{001] +
1/2<110}, i.e. 1/6<331], displacements between them. The chemistry can be altered by
eliminating either the Mo sheets or Si sheets of atoms, for example, single or double layers of
silicon atoms may be removed to create 1/6[001] and 1/3[001}] faults respectively. Similarly, a
1/2{001] fault can be generated by removal of Si and Mo atoms in the ratio of 2:1; thus there is
no deviation from stoichiometry associated with this fault. With regard to the data obtained in
the present study, a 1/3[001] fault is excluded because of the strong fault contrast observed for
g=0T3, as shown in Fig. 2(a), and g=T03, as shown in Fig. 2(b), and so a 1/6[{001] vector is
most likely.

At growth rates of more than 12cm/hr no faults were observed, whereas [001]
condensation faults were observed at slower growth rates. This indicates that the mechanism
of fault formation is indeed related to the exposure to high temperature for extended periods of
time during crystal growth at slow rates. In this regard the suggestion that fault formation is
associated with silicon loss appears plausible. The degree of silicon volatilization depends on
the temperature of the melt, overall time of melting, ambient pressure, growth rate and
temperature gradient, as discussed by Lograsso [12]. The contribution of the vacancy
condensation mechanism to fault formation is therefore less likely because it would be
expected to be more dominant at the higher growth velocities.

At elevated temperatures, pre-existing faults in single crystals may grow upon testing in the
creep regime based on diffusion assisted climb arguments and generate condensation loops of
the form observed by Umakoshi et al.[4]. Indeed, [001] faults could expand on the (001)
plane and produce strain [13]. Such climb would be activated by a component of stress acting
normal to the plane of the fault (001). This could lead to an increase in the size of faults when
testing in the [001] orientation. The likelihood of this is increased because the <100]
dislocations, are not activated at this orientation. However, climb assisted expansion of the
[001] loops can only produce a small amount of strain in the €,; direction. Further to the issue
of high temperature plasticity, these faults are also significant barriers to dislocations with
burgers vectors not contained in the (001) plane, because the periodicity of the lattice will
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introduce some APB components. An example of such a barrier is derived from the spreading
of the <100] dislocations on to the [001] plane of the fault, as shown in Fig. 1.

SUMMARY

Faults that were observed in MoSij single crystals were identified as simple 1/6{001)
condensation faults. These faults were observed in single crystals that were grown at lcm/hr,
but not in crystals grown at 12cm/hr or faster. These 1/6{001] faults are consistent with the
removal of complete Si layers from the C11p MoSi; structure. It is proposed that these faults
result from loss of silicon at high temperatures during crystal growth. At faster growth rates,
where the residence time at high temperatures is shorter, the faults are essentially absent.
These faults can act as general barriers to the motion of more mobile dislocation segments and
therefore reduce plasticity, although at elevated temperatures they may produce some strain by
climb assisted mechanisms.
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IN-SITU PROCESSING OF MoSiz;-BASE COMPOSITES
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Center for Composite Materials and Structures, and Department of Materials Engineering
Rensselaer Polytechnic Institute
Troy, NY 12180

ABSTRACT

Three different methods of preparing MoSi; and composites reinforced with ceramic
fibers by reactive in-situ processing are described. Reactive powder sintering (co-synthesis) of
elemental powders, chemical vapor infiltration/deposition and reactive vapor infiltration are
examined. Monolithic MoSiz, SiC particle-reinforced MoSiz or fibrous MoSi, composites
reinforced with Nicalon fiber were prepared. The advantages and disadvantages of these
processes relative to more traditional processing techniques such as HIPing of prealloyed
powders, mechanical alloying and a reported in-situ displacement reactions are discussed.

1. INTRODUCTION

Molybdenum disilicide, referred to as an intermetallic or a ceramic, has a high melting
point (2030°C), low density (6.24 g/cm?) and excellent high temperature oxidation resistance.
However, it has a low fracture toughness at room temperature {1,2] (britile as a ceramic) and
poor high temperature strength [3,4] (softens like a metal). Improvements in both these
characteristics have been observed when MoSiy is reinforced with SiC particles or SiC whiskers
[3-8). It is now clear that further improvements in toughness and strength can be obtained by
using continuous fiber reinforcements [9]. Therefore, processing of continuous fiber MaoSiy
matrix composites is the subject matter of this paper.

We have primarily explored three processing techniques namely: Reactive Powder
sintering (RPS) (also referred as Reactive co-synthesis), Chemical Vapor Infiltration (CVI) and a
new technique called Reactive Vapor Infiltration (RVI). Each route offers the potential of near
net shape processing, allows placement of short or continuous fibers reinforcements and results
in its own characteristic microstructure.

Reactive powder sintering: RPS is a relatively straightforward process in which elemental
powders are intimately mixed in stoichiometric proportions and then heated to desired
temperatures. The reaction typically is sufficiently exothermic 10 become self-sustaining.

Chemical Vapor Infiltration: CVI is a relatively lower temperature processing technique primarily
used in processing of fiber reinforced ceramic matrix composites. Over the last decade or so
variants of CVI, such as thermal gradient CVI, forced flow CVI and pulsed CV1, have been
experimented with and are presently used in processing of SiC matrix composites. In the present
work, isothermal CV1 is considered as a potential processing route.

Reactive vapor Infiltration: RV! is also a variant of CV]. We have developed this technique to
overcome the limitations of CVI. Briefly, the process involves the conversion of a shaped
porous preform made from the parent metal powder(s) and reinforcing fibers interspersed in the
desired orientation(s).

* Present address: US Bureau of Mincs, Albany Rescrach Center, Albany, OR 97321
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2. REACTIVE POWDER SINTERING (REACTIVE CO-SYNTHESIS)

A powder processing-type technique such as RPS is relatively straight forward,
inexpensive and a variety shapes can be produced to near net sizes. To synthesize SiC(p)/MoSiz
composites in situ, stoichiometric proportions of Mo and Si, and Si and C powders were filled
into separate glass jars and mixed using a turbula ;gpc mixer for one hour. These powder
mixtures were then blended to a composition of MoSi/10v% SiC and mixed as above. The
powder mixture was then placed inside a niobium foil lined polyurethane mold bag and CIPed at
200 MPa. The green compacts were placed in alumina sintering boats and loaded into a sintering
furnace which was then evacuated to a pressure of 109 MPa (10-5 torr). The compacts were
heated to 300° C at a rate of 15° C/min, held for one hour, heated to 1550° C again at a rate of 15°
C/min, held for 15 minutes and then furnace cooled.

The sintered samples retained their general shape but were not completely dense. They
could be easily powdered with a mortar and pestle. A powder diffraction pattern taken from a co-
synthesized sample is shown in Fig. 1. The pattern clearly shows the reaction products to be
MoSiz and SiC only. Note the absence (at XRD detection limits) of molybdenum carbides
(Mo2C or MosSi3C), and lower molybdenum silicides (MosSi3 or Mo3Si) which are also
thermodynamically possible. Some of the co-synthesized samples were HIPed at 1350° C and
172 MPa for one hour in a niobium foil lined titanium HIP can. A typical microstructure of the
consolidated sample is shown in Fig. 2. Note the presence of large SiC particles within the
MoSi; matrix. More detailed descriptions of the sample preparation and results are published
elsewhere [10,11].

We have demonstrated RPS to be a viable route for in situ processing of SiC particulate-
reinforced MoSiz composites. We are currently employing the technique to fabricate composite
samples with aligned fibers. In view of the thermal expansion mismatch-induced matrix cracking
reported for SiC fiber (Ta-coated/uncoated Textron SCS-6 or sigma) reinforced MoSiz [12], we
are experimenting with Al2O3 fibers. We are using a hand lay-up technique for interspersing the
fibers between the layers of premixed elemental powders. The compact is then cold isostatically
pressed (CIPed) into the desired shape and processed further. The composite matrix is expected
to be purer than commercial prealloyed MoSiz which is generally found to have significant levels
of second phase particles [13-15). RPS also is expected to be superior to both mechanical
alloying [16], which employs a milling step and is therefore, unsuitable for processing of fiber
reinforced composites and a solid state displacement reaction technique [14] in which the volume
fraction of SiC reinforcement is dictated by a chemical reaction between Mo2C and Si.
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Fig. 1. A representative XRD pattern for reactively co-synthesized MoSiy/SiC.
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Fig. 2. A microstructure (polarized light) of HIPed reactive co-synthesized MoSiz/10v% SiC
showing large SiC particles in MoSiz matrix.

3. CHEMICAL VAPOR INFILTRATION/DEPOSITION

Chemical Vapor Infiltration (CVI) offers a route for producing near net shape structural
components. In this method the matrix phase is deposited inside a 2- or 3-dimensional fiber
preform, hence the name infiltration. Prior to CV1, it is almost always necessary to establish the
deposition conditions on flat samples, meaning conditions for CVD. Most CVD processes are
controlled by either kinetics or thermodynamics or both. Irrespective of the kinetic factors,
thermodynamic feasibility of a particular chemical reaction responsible for the deposition needs to
be established first. In CVD of MoSiy, three different precursors, listed below, have been used
by earlier researchers [17-19]:

Mixture of inolybdenum hexa-fluoride (MoFg) and silane (SiHg) [17)
Mixture of molybdenum penta-chloride (MoCls) and silane (SiHg) [18)
Mixture of molybdenum penta-chloride (MoCls) and silicon tetra-chloride (SiCly) [19].

Hydrogen is generally added to the above precursor systems to facilitate reduction of the halide
precursors. The conditions of deposition in all three cases were established empirically. In the
present investigation, CVD of MoSi; from the above precursor systems is analyzed from a
thermodynamic view point and deposition conditions for obtaining exclusive MoSi; deposits are
established. Such an analysis is critical, when MoSi3 is intended for use as a high temperature
structural material, because excess silicon limits the service temperatures to its melting point,
1414°C and excess Mo adversely affects the oxidation behavior of MoSis.

A detailed descriptions of the thermodynamic analysis and calculation methods are
published elsewhere {20,21]. To illustrate typical results from these analyses, a plot of
thermodynamic yield of the condensed phases vs. the ratio of SiCly/MoCls in the inlet gas for the
MoCls-SiCls-Hy precursor is shown in Fig. 3. These calculations were conducted at a
temperature of 1000°C and a reactor pressure of 133 Pa for SiCl4/MoCl5 ratios less than 10 and
H/C1 2 1.0. The following conclusions can be drawn from this analysis:
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At high SiCly/MoCls ratios (6.3 and above) the only condensed phase is MoSiy, meaning
the activity of silicon at these ratios is less than one and therefore is not codeposited as is
the case for the other two systems examined.

The lowgr silicide phases, MosSi3 and Mo3Si, are codeposited at SiCly/MoCls ratios
below 6.3.

The yield of MaSip with respect to Si is relatively low with a maximum of about 16% at
the SiCly/MoCls ratio of 6.3, indicating an inefficient utilization of SiCly.

Based on similar analyses, the following conclusions may be drawn for the other two systems:

Deposition of exclusive MoSi2 is possible in the MoFg-SiH4 system when the
SiH4/MoFg ratio in the precursor is 3.5. Otherwise, one of the lower molybdenum
silicides (MosSi3 and Mo3Si) or elemental molybdenum or elemental silicon is
codeposited.

Deposites exclusively of MoSiz can be obtained in the MoCls-SiHg system with
SiH4/MoC(ls ratios between 2.4 and 3.5.

Therefore, based on thermodynamics alone, the SiCly-MoCls-H2 system appears to be
the most suitable for deposition of exclusive MoSiz deposits.

In our experiments to deposit MoSiz from MoCls-SiCls-Hj, we observed deposition
rates of the order of 0.10 to 0.15 pm/min at temperatures between 1000° and 1200°C and a
pressure of 2.0 torr. Use of higher temperatures led to the formation of powdery deposits
indicating gas phase nucleation. Also, the handling of hygroscopic MoCls was tedious and
hazardous. The deposits were mixtures of silicon and molybdenum but not stiochiometric
MoSij. The relative amounts of Si and Mo varied depending on the flow rates of precursors but
never MoSis. Based on these observations CVI was considered to be non-feasible and non-
economical in processing of structural components of MoSiz.

4. REACTIVE VAPOR INFILTRATION (RVI) TECHNIQUE

To overcome the limitations of the CVI/CVD processing of MoSi; structural components,
we have conceived and developed a new technique that retains certain features of CVD. We term
our new process Reactive Vapor Infiltration (RVI). In this process a loosely compacted porous
preform containing molybdenum powder is exposed to a gaseous silicon precursor at
temperatures slightly below the melting point of silicon. In the present work, silicon vapor was
supplied through a gas phase decomposition of silicon tetrachloride (SiCls) in presence of
hydrogen (Hp).

To establish the feasibility of this technique, first we prepared monolithic MoSi; samples
as follows: commercial grade molybdenum powder was pressed into pellets at room temperature
to a pressure of 152 MPa (22 ksi}. The molybdenum pellets were of size 38 mm in length, 6.4
mm in width, and 1.2 to 1.5 mm in thickness. After measuring initial weight and thickness of
these pellets, porosity of the Mo-compacts was estimated to be about 44%. The Mo pellets were
suspended into the hot zone of a graphite furnace at a temperature between 1100° and 1400°C and
a pressure of 1.3 Pa using a silicon vapor precursor of 325 cm3/min. H and 25 cm3/min. SiClg.
The siliciding experiments were run for the desired number of hours (2 to 72 hrs). Further
details on the RVI experimental procedure are available from our earlier publications {22,23].

C i e R .

e e RS - o C o memi e A—————




4.1 RVI - KINETICS AND MICROSTRUCTURE

The silicide layer gmwth kinetics were measured at temperatures between 1100° and
1400°C and a pressure of 270 Pa (2 torr). The kinetics were followed by monitoring the
thickness of the silicide layers measured on cross-sections of partially silicided molybdenum
samples using an optical microscope with a micrometer attachment. A plot showing the thickness
of the silicide layer grown on molybdenum samples as a function of siliciding time are shown
Fig. 4. The data plotted in this figure indicate parabolic kinetics. The rate constants measured
from this data are compared with the data of Gage and Bartlett [24] and the data of Cox and
Brown [25] (see Fig. S). Our data conform to

K (cmzls) =1.3exp '___—21&15‘_:]/11101)

1)

with an activation energy similar to the one reported by the other two investigators who grew the
silicide layers using a pack-cementation approach. The absolute values of our data are consistent
with those of Gage and Bartlett [24], who used thickness derived kinetics, and are higher by a
factor of three than the data reported by Cox and Brown [25] who used weight gain
measurements to obtain their rate constants.

Using a simple reaction-diffusion analysis, Orszagh and Vander Poorten [26] related the
diffusivity (D) of the element responsible for the growth of the silicide layer to the measured
parabolic rate constant (K). This relation can be modified to read as
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where, Q is the molar concentration of the diffusing species in the silicide (0.082 moles/cm? for
Si in MoSiy) and AC is its concentration gradient (mole/fcm?) across the growing silicide layer.
The best estimate of AC may be the nonstoichiometry of the silicide layer. Based on earlier work
edited by Pascal [27], the Si-nonstoichiometry in MoSiz may be considered to be about 0.2%
which is equivalent to 1.6x10 moles/cm3. Substituting these numbers into the above equation,
the diffusion coefficient of Si in MoSiy is estimated to be

2 -21645 kJ/mol

Dg;= 6.7X10 exp(—-——-—)
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Fig. 5. Silicide layer growth constant as a function of temperature. Also shown are the data of
Gage and Bartlett {24] and Cox and Brown [25].
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The microstructure of the silicide layers is shown in a fracture cross-section, see Fig. 6.
Note the coherency of the interfaces between the unsilicided molybdenum and the silicide layers
and the absence of major structural defects such as voids. The microstructual examinations
conducted on polished cross-sections of partially silicided samples indicated the presence of a
MosSi3 interface layer between the external MoSi2 layer and the unsilicided core. The
microstructural evaluation in the RVI process has been reported in detail [22,23). Compositional
analysis conducted on the samples using x-ray photo-¢lectron spectroscopy indicated that the
oxygen contamination in the RVI processed samples is 0.3 at% or less.

Fig. 6. Fractoragraph of a partially silicided RVI sample (1200°C, 0.27 kPa).

4.2. RVI - COMPOSITE PROCESSING

The short fiber reinforced composite samples were fabricated by completely siliciding
mixtures of molybdenum powder and 5 to 10 v% chopped (desized) Nicalon SiC fibers of
approximately 0.5 mm length. The continuous fiber composites were made by interspersing (via
hand lay-up) the fibers and the preform powder. In both cases the compacts were formed into
pellets of 38 mm in length, 6.4 mm in width, and 1 to 2 mm in thickness by pressing at a
pressure of 152 MPa (22 ksi) and room temperature. Once fabricated these preforms were
exposed to silicon vapor to convert Mo containing powder-phase to MoSi in a manner similar to
the one described in Sec. 2.1. The initial weight and dimensions of these pellets were measured
and the porosity of the compacts was estimated to be between 43 and 45%.

A fracture section of a composite sample silicided at 1200°C is shown in Fig. 7. The
Nicalon fibers show a rough surface morphology indicating that some chemical reaction
occurred during RVI processing. 1t is noteworthy that the fibers seem to bond weakly 10 the
MoSis matrix as evidenced by the fiber-sections sticking out normal to the fracture surface
(photographic plane) and the in-plane grooves left behind by fibers that have fallen off.
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Fig.7. Fracture section of a RVI processed composite sample showing chopped Nicalon-SiC
fiber (10v%) in MoSi2 matrix.

We are encouraged that there appears to be weak bonding between Nicalon-SiC fibers
and the MoSiz matrix. Such a weak fiber/matrix interface is expected to improve the toughness
of the composite. However, the density of the composite at this stage of our work is about
92%, i.c. the density of RVI processed monolithic MoSiz. Therefore, we are considering
HIPing as a final densification step. To improve upon the accommodation of the volumetric
expansion, we are experimenting with powders of different particle sizes and with powders
containing different Mo-Si phases.

In addition, we are presently synthesizing continuous fiber reinforced composite
samples. In view of the thermal expansion mismatch, alluded 1o in earlier sections, between the
SiC fibers and MoSiy matrix, we are presently experimenting with AlO3 fibers.

S. SUMMARY

The MoSiy matrix composites have potential for extended use at high temperatures,
possibly up to 1600°C in such applications as heat engines. Conventional processing techniques
such as hot-pressing require high temperatures of the order of 1600°C to achieve full density is
not possible at temperatures below 1700°C. These high temperature processing routes restrict
the usable reinforcements to those that are thermally and chemically stable at those processing
temperatures.

Currently, our efforts include processing of MoSiz matrix composites using both reactive
co-synthesis and reactive vapor infiltration routes. Both these routes use relatively lower
temperatures, yield a purer matrix phase, allow the placement of fiber reinforcements in required
orientation and quantity, and also fabrication to a near net shape and size. This approach will
also provide a better sense of microstructure and properties of a single class of composites
prepared by two different techniques.
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VACUUM PLASMA SPRAY FORMING OF HIGH TEMPERATURE SILICIDES

S.Sampath and H.Herman
Thermal Spray Laboratory
Deparunent of Materials Science and Engineering
State University of New York
Stony Brook, NY 11794-2275

ABSTRACT

Molybdenum disilicide and its composites have been fabricated by a number of researchers in
recent years through vacuum plasma spray (VPS) forming. VPS is capable of producing dense,
fine grained deposits of these high temperatwre intermetallics and is a promising technique for near-
net-shape manufacturing. Reviewed here is VPS forming of high temperature silicide
intermetallics, principally MoSi2 and its composites. A discussion will be given of the
processing-structure-propertics relationship of the spray formed silicide.

INTRODUCTION

In recent years, intermetallics and intermetallic matrix composites have been the subject of
considerable research interest for potential high strength, high temperature structural applications.
The refractory metal disilicides, in particular, MoSi2, are leading contenders in the search for high
performance refractory materials for heat engine and related aerospace requircments [1]. MaoSi2
has a high melting point (2030°C), with an essentially temperature independent yield stress of 300
MPa. MoSi2 has excellent oxidation resistance, having traditionally been employed as a heating
clement material in air furnaces for high temperatures up to 1800°C. The compound is near brittle
at room temperature, with a DBTT at approximately 925°C, above which the material is strong and
ductile, but beyond 1250°C a range of softness sets in, leading to creep rupture deficiencies [2].
Compositing strategies such as SiC, TiC, etc., have been proposed to enhance creep resistance at
high temperatures [2-5]. Ductile phase toughening using Nb wires has also been considered as a
mechanism of room temperature toughening {6].

Rapid solidification of intermetallic compounds has attracted attention in recent years, due to
the potential for producing chemically homogeneous, fine-grained microstructures {7]. However.
the necessity for ultra-high cooling rates imposes restrictions on specimen size: generally, rapidly
solidified material is produced in the form of ribbon, flake or powder]8). Plasma spray processing,
a well established technique for producing protective coatings, offers an alternate method of
consolidation of these materials into potentially useful forms, while retaining the benefits of rapid
solidification rate (RSR) processing. Compared to other RSR approaches, plasma spraying ofiers
the :ti)dw‘lkm}lages of large throughputs (kg/hr), high density, and the ability to deposit objects of near-
net bulk forms.

The benefits of rapid solidification through plasma spraying of Ni-based superalloys have
been explored in the past as an alternate manufacturing methodology. For instance, rescarchers at
General Electric have examined a number of vacuum plasma spray (VPS; also referred as "low
pressure plasma spray - LPPS") formed Ni-based alloy shapes and have obtained improved yield
and tensile strengths as compared to other processing techniques [9-11}]. Their results indicate that
the rapid solidification of the molten droplets occurs during deposition in a low pressure
environment, the deposits achieving nearly theoretical density. In another example, Chang et al
compared the mechanical properties of melt-spun, hot-isostatic pressed, and plasma sprayed
Ni3AIl-B alloys and found that plasma sprayed specimens had the highest yield and tensile
strengths [12]. As noted by Taub et al a key advaniage of plasma processing is the capacity to
produce rapidly solidified free-standing near-net forms, thus obviating the need for post-spray
thermo-mechanical processing | 13].
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Plasma spray processing of composites represents a synthesis of rapid solidification and
composite materials technology. It is a near-net-shape composite manufacturing process, in which
co-deposition combines melting, blending and consolidation into a single step, readily allowing the
formation of continuous, discontinuous, or laminated composite structures. Tiwari et al used
dual-feed co-deposition to produce TiB2-reinforced Ni3Al composites, the free-standing structures
displaying mechanical properties which were superior to those obtained using other processing
techniques [14]. This was auributed to enhanced particle-matrix bonding obtained by the VPS
process.

THE PROCESS

Plasma spraying , is a technique of "thermal spraying”, in which feedstock powder, wire or
rod is melted in a hot flame. propelled to an appropriately prepared substrate, where solidification
occurs, forming a thick film deposit, or, as discussed here, a thick section which can be removed
from the substrate. D.C. and R.F. thermal, near-ambient pressure plasmas are extensively used in
the materials processing industries for extractive metallurgy, melting, deposition, and evaporation.
The traditional D.C. arc plasma gun, which was developed as 4 heat source over three decades
ago, has been extensively used to spray deposit protective coatings. The D.C. plasma is formed
typically between a tungsten cathode and a waier-cooled copper anode by the ionization of gases
such as Ar or N2 with additions of secondary gases such as He or H2. Itis into this exiting, high
temperature, plasma flame that powdered feedstock material (10 - 90 um in diameter) is introduced
by acarrier gas. The particles melt in transit without vaporizing excessively, are accclerated, and
impinge onto the substrate where they flauen and solidify at cooling rates similar to those achieved
in rapid solidification processes. The deposit is formed by successive impingement of these
molten droplets.

Due to the high temperature of the plasma core (~10-15,000K), virtually any refractory material
can be melted and deposited, the only criteria being that the material not decompose. Thus, the
process allows the processing of mctals, alloys, and, in particular, intermetallics and ceramics.
The evolution of controlled atmosphere plasma spraying. such as inert shrouded spraying and
vacuum plasma spraying (actually, VPS operates at pressures in the range of 50 mbar) has
considerably expanded the capabilities of the process to produce dense, oxide-free deposits.
Vacuum D.C. plasma spray typically achieves high particle velocities (200 - 500 m/s), with
attendant high impact velocities, yielding deposits of near theoretical density [15].

Although conventional air plasma spraying (plasma spraying in ambient environment or APS)
leads to rapid solidification [16], the deposits contain defects such as porosity, non-continuous
interlamellar bonds, oxide inclusions, etc., as well as process-related residual stresses. VPS can
circumvent these microstructural deficiencies and yield highly dense deposits, which are relatively
stress-free. In VPS, although the solidification is rapid, the deposit undergoes in-process
annealing due to the almost continuous exposure of the deposit to the end of the high temperature
(> 800°C) flame. In fact, this self-annealing can be beneficial, since it provides stress-relief,
recrystallization, and results in enhanced interparticle bonding [15, 17]. The reduction in residual
stresses permits build-up of very thick deposits, and, thus, VPS can be viewed as an effective
means for consolidation of powders and composites for the production of free-standing forms for
high performance applications [18].

VPS FORMED MoSi2 INTERMETALLICS

One of the earliest reported uses of vacuum plasma spraying of MoSi2 was in the production
of protective coatings. Henne and Weber studied VPS deposited MoSi) coatings on Mo substrates
to form an adherent oxidation-resistant coating {19-20). Due to large differences in thermal
expansion coefficients between Mo and MoSi2, the coatings experienced transversc cracks.
Although this difference in thermal expansion is of some concern for coatings production, when
treated properly thermal expansion mismatch allows the facile separation of thick intermetallic
deposits from the substrate o produce free-standing forms [21-22].
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Fig.1: Scanning electron micrograph of VPS MoSiz

cross-section.

Mi . { Phase .

In Fig.1 is shown typical cross-
sectional microstructure view of the
VPS-formed MoSi2 deposit,
produced using MoSi2 powder
feedstock of particle size 5 to 45 um.
The deposit, which appear to
approximate a wrought metallurgical
microstructure, typically display
greater than 98% theoretical density in
the as-sprayed condition; Table 1
[21). The microstructure shows fine
pores and the grain structure is not
revealed under these imaging
conditions.  For comparison, the
microstructures of hot-pressed
MoSi2, produced from a similar
powder, is shown in Fig.2. The hot
pressed specimen of similar density
displays a coarser grain structure and
larger pores. Figure 3 shows a
transmission electron micrograph of
VPS-formed MoSi2, revealing a
bimodal distribution of grains. The
grain size is in the range of 0.1- 0.6
pm. This type of submicron,
equiaxed microstructure is commonly
observed in VPS deposits and has
been attributed to recrystallization
occurring during the spray process;
i.e., "self-annealing” [15). Castro et
al have reported similar grain size
distributions in VPS-formed MoSi2
[23}.

Fig.2: Scanning electron micrograph of hot-pressed MoSi.

Table I: Density and Phase Characteristics of VPS formed MoSi2 [21].

Condition Deposit Density [ Oxygen Content ~ Phases
glec (%)
Powder - 0.24 t-MoSi2, MosSi3(trace)
Mo3i; - Hot 6.22 0.29 t-MoSi2, MosSi3*
Pressed
As-VPS- 6.17 0.30 h-MoSi2 . t-MoSi2 , MosSiz*
sprayed
Annealed 6.15 0.45 t-MoSi2 , h-MoSi2* , MosSi3*
1100°C/ 2h
Annealed 6.02 028 t-MoSi? , h-MoSi2* , MosSiz*
1100°C / 24h
t-MoS17 (tetragonal), h-MoS12 (hexagonal), * - Present as Minor Phases
73




Fig.3: Transmission electron micrograph of a vacuum plasma spray formed MoSi>
revealing a fine grained microstructure

The X-ray diffraction pattern of the as-received powder reveals an essentially equilibrium
tetragonal single-phase structure (t -MoSi2). However, a metastable hexagonal MoSi7 allotrope
(h-MoSi2) has been observed in the as-sprayed condition: Table I [21]. Annealing of the as-
sprayed specimen at 1100°C leads to an irrey 2rsible transformation of h-MoSi2 -> (-MoSi2. Tiwari
ct al have shown that h-MoSi2 is a major phase in the as-sprayed deposit [21]. Upon annealing,
there is a considerable decrease in h-MoSi peak intensity accompanied by an increase in the t-
MoSi2 peak intensity, suggesting that the h-MoSi2 phase is metastable at room temperature. In a
recent work, Ohmori and Fukuoka have also shown the substantial presence of the hexagonal
MoSi2 phase in the VPS deposit [24). They observed the hexagonal to tetragonal transformation
upon heating to about 950°C. Mitchell et al observed twins in the VPS MoSiz attributed to the
hexagonal-tetragonal transformation at high temperatures [25]. In another study, Shaw et al have
examined the microstructural evolution of MoSi2, plasma sprayed in an atmospheric pressure inert
gas chamber and found considerable Si volatilization, resulting in the formation of several Mo-rich
silicide phases with significant compositional variations [26]. Annealing at 1500°C resulted in the
formation of the Mo3Si phasc.

The above results are not surprising since plasma spraying commonly yiclds RSR-induced
metastable phases [16]. On examinaton of the phase diagram {27} it is seen that h-MoSi2 is a high
temperature atlotrope (1900 -2030°C) and this phase is retained at room temperature during plasma
spraying. It is clear that inert gas Lhambc.r bpmymg alone is not sufficient to overcome the Si
volatilization and that a ; pen-free environment is required to retain the appropriate
chemistry and homo;_.«.nuly such lh.n the sm;,lp phase tetragonal MoSiz can be obtained through
subsequent anncaling.

A variety of composite reinforcements have been added to MoSi2 through VPS. Using
premixed powders, Tiwari et al produced TiB;- and SiC-reinforced MoSi2-mair*x composites
[22]. The TiB2 reinforcements in the MoSi2 matrix had a splat-like morphology resulting from

concurrent melting of both the components in the plasma flame; Fig.4.  However, this was not
the case for SiC-reinforced MoSi2, because SiC sublimates at 3000°C instead of melting.
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Thus, unlike TiB2 , the SiC
distributed as particulates, retain their
pre-sprayed morphology; Fig.5. No
apparent interfacial reaction was
observed between the matrix and
reinforcements. This is attributed to
the high rate deposition process,
which prevents particle-matrix
interfacial reactions.

In order to enhance fracture
toughness at temperatures below
1000°C, the ductile-brittle transition
temperature, a ductile phase can be
incorporated into the intermetallic
matrix. Such is the case for Ta-
reintorced MoSi2, which was VPS-
processed by Castro et al (28], who
obtained microstructures similar to
the plate-like morphology observed
for the TiB2 reintorcement {21].
Alman et al produced MoSi2 - Al203
laminates by alternatc deposition of
the two powders [29]. These
deposits, which were of relatively
low overall density (82-96%), were
produc ' in an inert gas filicd
chambe. at ambient pressure.
However, post-spray annealing was
sufficient to fully densify the
laminates.

Fig.4: Backscattered electron micrograph of VPS formed
MoSi,-TiB; composite {21].

Currently exploratory rescearch is
underway at Stony Brook involving
VPS forming of pre-alloyed / pre-
composited MoSi2 + 20 vol% SiC
and MoSi2-WSi2+ 20 vol% SiC

Fig.5: Scanning electron micrograph of VPS formed powders, which were produced by
MoSi2-SiC composite [22]. Osram Sylvania Inc. (Towanda, PA)
using solid state sintering methods.
The microstructures and mechanical properties of these deposits are being investigated. It is the
contention of the authors that the use of pre-composited powders would enable substantially
enhanced reinforcement loading during VPS forming.

Mechanical P o

Both room temperature and high temperature mechanical properties of VPS- formed MoSi2
and composites have been reported. In Table If are summarized room temperature mechanical
properties [22]. The high Vickers microhardness (1200 VHN) of unreinforced as-sprayed
MoSi2 has been attributed to the fine grain size of the spray-formed product [22}. Further, the
indentation fracture toughness and the flexural sirength of the as-sprayed MoSi2 are substantially
greater than that for hot-pressed material. Annealing leads to a lower hardness. in conjunction
with increascs in indentation fracture toughness and flexural strength. It is important to note that
annealing at 1100°C did not lead to significant grain growth or changes in microstructure. These
grealy improved properties of VPS MoSiz are autributed to the fine-grained microstructure.
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Table II: Room temperature mechanical properties silicide composites [22].

Matenal Condition Hardness | Bend Strength | Fracture Toughness
VHN MPa MPam!

Mo3i1; as-sprayed T201 280 37
MoSi2 annealed 1100/2 hrs 1203 310 4.3
MoSi7 annealed 1100/24 hrs 1093 364 5.9
MoSi2 + 4 vol% SIC as-sprayed 1228 300 5.4
MoSi2+4 vol% SiC annealed 1100/24h 1160 310 79
[ MoSi2 + 20 vol% 1187 as-sprayed 1057 380 6.1
MoSi2 hot-pressed 950 183 29

The addition of composite reinforcements, for example. in the form of TiB2 and SiC, leads to
considerable increases in flexural strength and fracture toughness over their monolithic
counterparts. Although a relatively small (4 volume %) incorporation of SiC leads to only a
nominal increase in strength, a large increase in fracture toughness is observed [22]. Where-as
strength increases may be attributed to enhanced particle-matrix bonds, leading to improved load
transfer, the large increase in fracture toughness can likely be attributed to enhanced crack
deflection and branching processes [1]. The rationale for the strong particle-matrix bond in the
VPS-processed composites is that the temperature of processing is at least 800°C, thereby
promoting good wetting of the reinforcement by the matrix. However, the short time of
processing eliminates the occurrence of any large scale interfacial reactions, which may have a
detrimental influence on the overall strength of the VPS deposit. Similar strengthening effects
were observed in a related study of VPS-formed Ni3Al-matnix TiB) composite [14].

Alman and co-workers, plasma spraying MoSi? in an inert gas chamber at ambient pressure,
observed that microhardness increased with plasma current [29). Since it is known that increased
power leads to increased gas and, thus, greater panticle velocity, it must be concluded that the
higher hardness is the result of an overall greater deposit density. Upon subsequent annealing of
the deposit, a decrease in hardness was observed [26]. Further, as seen in Table II, a decrease in
hardness is observed with subsequent annealing of the VPS deposits, which, as demonstrated by
Tiwari et al, is associated with grain growth [22]. This is further evidence that in-process spray
parameters, which determine power and flame (and, :hus, substrate) temperature, are crucially
important for optimizing the process relative to deposit properties.

The studies of Castro et al and Jeng et al have shown increased hardness and indentation
fracture toughness of VPS-formed MoSi2 and Ta-reinforced MoSi2 [28.30), which is in
agreement with the results of Tiwari et al [22], where the indentation fracture toughness of VPS-
formed MoSi3 is found to be greater than hot-pressed MoSi2 ( 4.7 versus 2.9 MPa m1/2), both
materials being of similar as-processed density. Castro et al also reported anistropy in fracture
toughness between the spray direction and the direction parallel to the deposit surface, which is, of
course, associated with the lamellar nature of the deposit [28). It is the opinion of the authors that
this anistropy, although common for most thermal spray deposits, can be diminished in VPS by
promoting self-annealing during spraying. It is for this reason that no substantial anistropy in
indentation fracture toughness was observed in the work of the authors and co-workers {22]. This
was further confirmed by Jeng et al who showed only a small difference in indentation fracture
toughness between the spray direction and the direction parallel to the deposit in VPS-formed SiC-
reinforced MoSi2 [30).
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Elevated temperature (1300°C)
four-point bend tests on VPS-formed
and hot-pressed MoSi2 are shown in
Fig.6 [22]. Clearly, the VPS-
formed specimen shows a high
degree of ductility. In fact, these
values may be underestimated due to
limitations of the experimental
conditions. The mechanism of such a
high degree of plasticity may be
related to a creep-like or superplastic
behavior. The role of microstructure
needs to be identified. This result, in
conjunction with the increased room
temperature toughness of the VPS
MoSi2 in comparison with hot
pressed MoSi2, suggests interesting

" ideas for future research.

Jeng et al have reported on creep
behavior of VPS SiC/MoSi2
composites at 1350°C and compared
it to the creep behavior of powder
metallurgy based MoSi2 and
SiC/MoS8i7 [31]. Their results show
that creep resistance of the VPS
composite was lower than that of the
powder metallurgy counterparts.
This was attributed to grain
boundary sliding and amorphous
$i02 at grain boundaries. However,
no significant grain size relationship
was identified which could be a
potentially important factor in these
materials.
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Isothermal and cyclic oxidation

Fig.6: MOS.iz test coupons before and after four-point bend siudies were conducted on VPS
testing at 1300°C. (a) VPS (b) Hot-pressed. formed unreinforced and composite
MoSi; Table I1I [22]. Unreinforced
MoSi2 showed no measurable mass gain after cyclic oxidation testing for 168 h. It was noted that
the specimen size was small and hence the oxidation, if any, would not have been detectable at
shorter testing periods. However, other researchers have reposted significant mass gains during
cyclic oxidation of hot isostatically pressed MoSi2 at 500°C [32].

Table HI: Isothermal Oxidation of VPS formed MoSi and its Composites [22].

~Matenial Specilic Weight Gain (mgs/sq.cm.)

24 hrs 96 hrs

MoSiz 0 0.716

MoSiz + SiIC 0 0.852

MoSiz + TiB; 22.52 35.37
4




During isothermal oxidation at 1000°C, both MoSi2 and SiC-MoSi2 showed no mass gain
after 24 h and minimal oxidation after 96 h. The mass gain for SiC-MoSi2 was greater than that
for unreinforced MoSi2. However, the TiB2 reinforced MoSi2 showed significant degradation
under isothermal oxidation conditions. Following the isothermal oxidation tests the specimen
showed the presence of a yellowish-colored oxide scale, related to the presence of TiO2. Similar
oxidation results were reported by Cook et al for oxidation behavior of MoSi2, SiC-MoSi2 and
TiB2-MoSi2 materials processed by the XD™ process [33].

Recently, Beatrice and Worrell have conducted 1500°C and 1600°C oxidation studies on the
VPS MoSi2 specimens produced at SUNY-Stony Brook {34]. Preliminary results indicate
comparable oxidation behavior with hot-pressed MoSi2. Further analysis is underway to obtain a
morse definitive mechanism of the high temperature oxidation behavior of the VPS-processed
MoSi2.

Aqueous Corrosion

Halada et al have examined the aqueous corrosion i, havior of VPS and hot-pressed MoSi2 in
a 4M HCI solution {35]. The electrochemical polarizat..n curves indicated that both samples
displayed a significantly higher passive current density as well as much higher breakdown potential
as compared to Mo. Further examination of the surfaces using variable angle x-ray photo-electron
spectroscopy revealed a dense film of Mo(),05Si02. The data revealed a large passive film formed

on both VPS and hot-pressed MoSi2, with the passive film slightly thicker (42A vs 34A) for the
hot-pressed specimen. These results indicate excellent aqueous corrosion resistance of MoSi2.

SUMMARY AND CONCLUSIONS

The investigations described in this review demonstrate the capabilities of vacuum plasma
spray to process near-net, free-standing structures of refractory silicide intermetatlics. The process
enables the fabrication of dense, monolithic and composite structures. The high temperature
plasma flame offers an ideal route for one-step processing of these refractory intermetallics and
their composites. The unique attributes of plasma spraying in its inherent versatility offers the
potential for processing continuous, discontinuous and laminated composites. The properties of the
VPS formed silicides and silicide composites are promising, although substantial improvements in
room temperature fracture toughness is still wanting. Further work is required to address the
critical aspects of process-structure-property relationships, especially as it refates to the deposit
formation, rapid solidification and metastable microstructures during VPS processing. The
oxidation and aqueous corrosion behavior of the VPS formed silicides are excellent, which
suggests possible applications as coatings against environmental degradation.
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Fabrication and Testing of Plasma-Spray Formed
MoSiy and MoSiz Composite Tubes

R.G. Castro®, J.R. Hellmann®*, A.E. Segall®* and D.L. Shelleman®*
Los Alamos National Laboratory, Materials Division, Los Alamos, NM 87545
**Pennsylvania State University, Center for Advanced Materials, University Park, PA 16802

ABSTRACT

Plasma-spray forming has been used to fabricate thick-wall tubes of MoSiy and MoSi
containing concentric layers of Alp03. This process is being investigated as a potentia
fabrication method for producing tubular components of MoSio and MoSi; composites for use
in high temperature fuel-burner applications. Results will be reported on the spray forming
method used to produce tubes of various sizes. The room temperature strength of pure MoSip
tubes in the as-deposited condition, and after heat-treating at 1500 ©C for 2 hours in vacuum,
will also be reported. The strength of plasma sprayed MoSi) tubes were measured via
diametral compression of O-ring and C-ring sections in air at room temperature. Qualification
of the strength distribution was based on Weibull statistical theory.

INTRODUCTION

Various processing methods are currently under investigation for producing and synthesis
MoSiy and MoSiy composites [I]. In many cases, conventional powder consolidation
approaches are being utilized to produce dense shapes of MoSi7 and MoSiy composites for
testing and evaluation at high and low temperatures. Very little attention is currently focused on
extending these processing/manufacturing techniques beyond small scale laboratory operations
to the actual fabrication of prototype/near-net shape components. In order to show viability of
MoSi7 for industrial applications, prototype components will need to be fabricated for on-site
industrial testing.

Plasma-spraying of MoSi has been shown to be a viable processing method for producing
high density deposits of MoSiy with the processing flexibility to manufacture discontinuous
[2.3,4]), continuous [5], and in situ [6,7] reinforced composites of MoSiy. This processing
technology offers a number of important advantages such as combined me?'ting. solidification
and consolidation all in one processing step. fine-grained microstructures, chemical
homogeneity and the capability for near-net shape manufacturing.

In this study, thick-walled tubes of MoSip and MoSiy containing concentric layers of AlO
were fabricated using the plasma-spray forming process. Various tube sizes, and tubes witl
composite microstructures intentionally graded through the tube wall, were produced to
demonstrate the flexibility of this process. Discussions will focus on the fabrication results and
the strengths of MoSi% tubes in the as-sprayed condition and after elevated temperature
exposure at 15000C for 2 hours in vacuum,

EXPERIMENTAL PROCEDURE

Plasma-spray forming

Plasma-spray forming of the MoSiy and MoSizlAliO tubes were done using the low
pressure plasma spray chamber at Los Alamos National agoratory. This chamber is equipped
with an 5G-100 Plasmadyne torch and duel powder feeding capabilities for spraying alternate
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layers of MoSiy and Al303. The MoSi) powder used in this investigation was purchased from
CERAC Inc. The powder had a purity of 99.5% with an average particle size of 65 pm. X-ray
diffraction analysis confirmed the presence of tetragonal MoSi2 with a trace of MosSi3. The
oxygen content of the powder was approximately 1600 ppm. METCO-105 Al>O3 powder,
with a particle size range of 5 to 20um, was used to produce the reinforcing Al203 layers.
Parameters used to produce the spray formed MoSiy and MoSiy/Alp03 tubes are given in
Table 1.

TABLE [. Parameters used for plasma-spray forming MoSiy and MoSiy/AlO3 tubes

Parameters Values
Amps (A) 600
Volts (V) 36
Plasma Gas (slm) 25-Ar
Auxiliary Gas (sim) 25-He
Powder Gas (slm) 10-Ar
Feed rate (g/min) 7.6
Spray distance (cm) 15.24
Chamber pressure (torr) 450
Anode/Cathode 145/129
Rotation (rpm) 500
Substrate translation (ipm) 39

The starting powders were deposited on graphite rods which were used as sacrifical mandrels.
Graphite rod sizes ranging from 6.35mm to 22.2mm were used to produce MoSiy and
MoSip/Al203 tubes. with tube wall thicknesses ranging from 2.00mm to 7.00mm. Following
spray forming, the graphite rods were drilled out and the remaining graphite was removed by
oxidation in an air furnace at 8000C.

Room temperature testing of MoSis tubes

The room temperature tube strength of plasma-sprayed MoSiy was determined by testing
"Q"-ring and "C"-ring samples sectioned from spray formed tubes of approximately 15.24cm
in length with an inside diameter of 6.35mm and a outside diameter of 9.00mm. Machining
procedures to produce the O-ring and C-ring samples for room temperature strength testing are
given in reference [8]. The samples were tested under two different conditions, (1) the as-
sprayed condition and (2) after vacuum heat-treating at 15000C for 2 hrs. Specimens were
loaded in diametral compression in order to sample the flaw populations contribution to failure
at the inner and outer tube surfaces. Strength testing was performed at room temperature in air
on an Instron testing machine equipped with an 890N (200ib) compression load cell. Prior to
loading, a small piece of Al2O3 felt (1.6mm thick) was placed between the re-crystallized
alumina loading rams and the specimens. The alumina felt was used to redistribute the load
under the loading rams. A small preload 1.78N (0.41b) was used to hold the specimens in place
prior to loading to failure. All specimens were loaded at a strain rate of 3.13x10-%sec. Based
on the peak load at fracture, and the specimen dimensions, the maximum stress at fracture was
calculated and used to perform Weibull statistical analysis of the strength distributions. Optical
and scanning electron microscopy was used to evaluate the microstructures of the as-sprayed
and annealed O-ring and C-ring samples, and their fracture surfaces after testing. Density
measurements were conducted using water immersion.
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RESULTS AND DISCUSSION

MoSij and MoSis /AlO3 tubes

Examples of tubes fabricated by the plasma-spray forming process are given in Figure 1. The
various lengths and wall thicknesses of the tubes in this figure demonstrates the flexibility of
plasma-spray forming for producing tubular products. Cross-sections of each tube, which were
imaged by scanning electron microscopy (SEM), are given in Figure 2. The MoSi)/Al,03
composites are comprised of concentric ring microstructures (Figures 2 (b ) and (c)) which were
produced by alternating between MoSiy and AlpO3 powder feeders during the spray-forming
process. Figure 2 (b) shows a uniform spacing of %vioSiz and AlpO3 layers through the wall
thickness of the tube. The variation in the AlyO3 and MoSi) layer thicknesses in Figure 2 (¢)
was intentionally done to grade the tube cross-section from thicker MoSiy layers in the center
regions of the tube to thinner MoSi7 fayers on the outer regions of the tube, with the outer tube
surface eventually coated with a thick layer of AlyO3 (not shown on this tube). Fabrication of
tubes with this type of graded/layered microstructure is under investigation for potential
applications which require O3 gas injection on the inside diameter of the tube and liquid metal
compatibility on the outside diameter of the tube. During tube fabrication, cracking was
observed along the length of the spray-formed tube. The crack/microstructure interactions and
crack propagation that occurred along the MoSis layer is shown in Figure 3 (a). Cracks were
observed to have propagated through the outsidze three layers of the tube but did not extend
through the thickness of the tube. The outside features of the tube showed an "onion skin"
effect where the outside three layers separated from the tube, Figure 3 (b). The electron
backscattered image in Figure 3 (b) shows cracks terminating and separating along the MoSip
layer. Crack propagation along the MoSiy layer (as opposed to the interface or AlHO3 layer)
may result from the lower fracture toughness of the MoSiy layer (3.0 MPa m*?) when compared
to AlHO3 (5.0 MPa m*). Cracks were not observed in the MoSi2/Aly03 tubes which were
fabricated with uniform MoSip and AlpO3 layer thicknesses, Figure 2 (b).

Figure 1. Photograph of plasma-spray formed tubes of MoSi2 and MoSiy containing
alternating layers of AlyOj.
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Figure 2. Tube cross-sections of
(a) as-sprayed MoSi3 (b) MoSi2
containing 6-Aly03 layers and (c)
MoSiy containing 14-AlyO5 fayers.

Figure 3. Crack/microstructure interactions in MoSi)/AlyO
MoSiy layer (b) layer separation on outside surface of the tul

gembes. (a) crack propagation along
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Table I1. summarizes the specimen geometry, Weibull characteristic strength (strength at 63%
failure probability; 6,) and modulus (m) for the as-sprayed and heat-treated MoSiy tubes. The
heat-treated samples exhibited significantly higher characteristic strength in both the C-ring and
O-ring samples then did the as-sprayed material. The increased strength can be attributed to the
increase in relative density from 91% to 95% after heat-treating. Fractography revealed that in
all instances failure initiated from residual porosity which intersected the sample surfaces.
Interestingly, although the C-ring and O-ring strengths arc essentially equivalent in the as-
sprayed condition, the C-ring strength is significantly larger then the O-ring strength after heat-
treatment. This suggests that the flaw population on the inner and outer tube walls are modified
by heat-treatment, and is the topic of studies currently under way.

Table I1. Specimen geometry, Weibull characteristic strengths and modulus for as-sprayed and
heat-treated MoSi.
MATERIAL  SPECIMEN # OF WEIBULL  CHARACTERISTIC®

GEOMETRY SPECIMENS MODULUS STRENGTH (MPa*m)
LRb MLe LRb ML¢

189 17.6 147.4 148 .4
AS-SPRAYED C-RINGS 10 1264, 130, 14110, 1410,
216 184 1419 6 blll.l
O-RINGS 10 140, 136, 1365, 1366,
123 148 213 3127
H.T.1500°C C-RINGS 10 8255 1096p 306.258¢5 303.1257
2HR.
125 10.8 2412 2456
O-RINGS 10 8355 8044 22583114 2260235
a- Strength at a 63% failure probability.
b- Linear Regression Analysis [9]
c- Maximum Likelihood Analysis {10] STRENGTH (MPa)
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A graphical representation of the experimentally obtained strength distributions for both the
as-sprayed (AS) and heat-treated (HT) material is given in Figure 4. All strength distributions
tend to be well behaved (no outliers were identified) which suggests that single flaw
populations are present.

SUMMARY

Plasma-spray forming was used to fabricate tubular MoSi» and MoSi 2/Ah0O3 layered
composites of various wall thicknesses and lengths. The feas;)blhly of mmally grading the
Al>0O3 layer thickness and spacing through the tube wall was demonstrated. However cracking
was ogservcd in the outer MoSij layers.

The strengths of plasma-spray formed MoSi? tubes were measured via diametral compressmn
of C-ring and O-ring sections in both the as-sprayed and after heat-treatment at 1500 OC for 2
hrs in vacuum. Weibull analysis of the strength distributions revealed that heat treatment
provided a significant strength enhancement (40-54% in characteristic strength) but at the
expense of a broadened strength distribution (i.e., lower Weibull moduli for heat-treated
specimens). The strength enhancement was attributed to the increased densification of the
tubes from 91% to 95%. Fractographic analysis revealed that all failures intitated at the surfaces
and were associated with residual porosity.
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THE APPLICATION OF REACTIVE HOT COMPACTION AND IN-SITU COATING
TECHNIQUES TO INTERMETALLIC MATRIX COMPOSITES

H. Doty, M. Somerday. and R. Abbaschian, University of Florida, Dept. of Materials
Science and Engineering, Gainesville, Florida

ABSTRACT

An overview of the application of the reactive hot compaction (RHC) process to fabricate
varjous intermetallics such as silicides and aluminides is presented. Specific examples with the
in-situ formation of diffusion barrier coatings on refractory metal reinforcements during RHC
are also given. The processing involves blending the elemental powders with pre-treated
refractory metal filaments and reactively synthesizing the mixmre at elevated temperatures.
During this process, the treated surfaces of the filaments react with one of the components (e.g.
Al for aluminides or Si for silicides) to form in-situ a protective surface coating. The important
influence of the RHC reaction sequence and rate on the consolidation of the composite are
discussed.  Finally, the fracture toughness of the composites are related to the various
toughening mechanisms, with special emphasis on the role of the interfacial layer.

INTRODUCTION

Many intermetallics possess combinations of properties, such as high melting
temperature, low density and good corrosion resistance, which designers desire for the next
generation of high-temperature structural materials. These materials are needed to replace
current nickel- and cobalt-based superalloys in applications which require operating temperature’
near and above the melting temperatures of these alloys. However, attractive properties of
intermetallics are accompanied by fow temperature damage ¢olerance, low high temperature
strength and excessive creep. A large effort is underway to understand siwe basic mechanisms
responsible for the behavior of these materials, particularly in light of the sporadic reports of
ductility'?, superplasticity® and anomalous plasticity® in certain intermetallics. The anticipated
outcome comprises a combination of alloying, processing and thermomechanical treatments to
control the mechanical behavior of certain intermetallic alloy systems’.

Among intermetallics, the silicides, especially MoSi,, possess many of the properties
sought in future high temperature materials. MoSi, has a melting temperature of 2030°C and
a density of 6.31 g/cm’ and has excellent high temperature oxidation resistance due to the
formation of a surface coating of SiO, upon reaction with oxygen in the atmosphere. Monolithic
MoSi, is not acceptable as a structural material for engine applications because of its room-
temperature brittleness and decreased high-temperature strength. As such, it becomes necessary
to toughen the material below its DBTT (at =1000°C). while also improving its high
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temperature strength. Alloying and addition of thermomechanically compatibie reinforcements
to the matrix are two possible means to achieve this goal.

One method of alloying involves solution strengthening of MoSi, with WSi,. WSi, has
the same crystal structure and lattice parameters as MoSi,, and the two silicides form solid-
solution alloys. In a study by Petrovic and Honnell of MoSi,/SiC composites®, materials made
with a matrix of 50 mol% MoSi,-50 mol% WSi, alloys showed an improvement in high
temperature yield strength over monolithic MoSi, matrix composites. Schwarz et al.® also
observed improved mechanical properties in MoSi,-WSi, alloys. In this work, elemental Mo, W,
and Si powders were mechanically alloyed in the proper proportions to form in situ solid
solutions. These displayed a high temperature yield strength of approximately 175 MPa at
1200°C, seven times higher than that of monolithic MoSi,.

Alternatively, other researchers are developing compositing schemes to compensate for
the brittle nature of silicides via different combinations of energy dissipating mechanisms which
become activated during fracture. Intermetallic matrix composites (IMCs) are commonly divided
into two broad categories based on the nature of the reinforcement; (a) ductile reinforced IMCs
or (b) brittle reinforced IMCs. In each group, there are different processing methods of
fabrication for both natural and artificial composites. In general, natural composites are systems
which form the matrix and reinforcement during processing from precursor materials, such as
directional eutectic solidification, as such the composite components are thermodynamically
compatible.  Artificial composites, on the other hand, require separate preparation of the
reinforcement and the matrix followed by their combination and are generally not
thermodynamically stable, especially at elevated temperatures’. This commonly necessitates the
application of diffusion barriers at the interface to minimize chemical interactions.

The mechanism or mechanisms which dominate during fracture in a given composite
system depends on the geometry, rate and magnitude of loading, the elastic properties of e
matrix and reinforcement and the nature of bonding and roughness of the interface.
Nevertheless, the dominant energy dissipation mechanism during fracture is usually quite
different in IMCs with ductile reinforcements as compared to brittle reinforcements, although
there is a large area of overlap in their behavior. In addition, the dominant mechanism can
change locally as a crack propagates through the microstructure®. Figure 1 schematically shows
the operation of crack bridging, crack front debonding, wake debonding and fiber pullout. For
a more complete description, the reader is referred to descriptions of fiber pullout®!®, crack
bridging®'®'"1%  residual stress'®, crack blunting®'2, interfacial debonding™'*!!, muitiple matrix
cracking® and microcracking®, given in the literature.

FABRICATION TECHNIQUES

The high melting temperatures of intermetallics and the associated increased chemical
reactivities limit the availability of suitable container materials for the processing of intermetaliic
composites from the molten state. In addition, the high processing temperatures cause extensive
reaction between the matrix and the reinforcement. Nevertheless, some investigators have
achieved success in producing IMCs via melt infiltration processes'®, electromagnetic levitation'®
and directional solidification of eutectic alloys*".'3-19.20.21

The most general success in producing intermetallic matrix composites has come in the
powder processing area. [nitially these materials were produced via sintering of pre-alloyed
powders formed by a gas-atomizing technique or by crushing and ball milling arc-method ingots.
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More recently, due to the lack of availability of pre-alloyed powders and various processing
advantages, other powder processes such as self-propagating high-temperature synthesis and
reactive hot compaction have been developed to produce a wide array of IMs and IMCs™23,

Self-propagating high-temperature synthesis (SHS) is the term used to describe a process
in which reactants, usually elemental constituents, when ignited, spontaneously transform to
products due to the exothermic heat of formation. Both reactants and products are condensed
phases. Several other terms are also applied to this process, such as gasless combustion
synthesis, self-propagation combustion and self-sustaining synthesis. SHS has received
considerable attention as an alternative to conventional powder metallurgy (PM) and ceramic
processing due to several advantages. These potential advantages include lower energy
consumption resulting from less heat input and shorter processing times, lower capital investment
resulting from process simplicity, and higher product purity due to less reaction with the
processing environment. The steps involved in an SHS process, schematically shown in
Figure 2, are elemental powder preparation, cold compaction, and ignition/combustion. At this
point, the formation of the product composition is complete although there are generally
unacceptably high levels of porosity.

The study of utilizing exothermic solid-solid reactions for the production of refractory
compounds such as oxides nitrides and borides has been reported by former Soviet researchers
for over two decades?. Others have reported the successful fabrication of intermetallics such
as MoSi,2>% other silicides such as Mo,Si,, TisSiy and ZrSi?’*® and various aluminides, notably
NbAL?, NiAIZ03132 Nj;AP'* and TiAl*.

The SHS reaction is characterized by the relationships between the melting and boiling
temperatures of the reactants and the adiabatic temperature of the reaction®. The adiabatic
temperature is the peak temperature to which the products are raised under adiabatic conditions
due to the heat evolved by the exothermic reaction. This heat drives the propagation of the
combustion wave by heating the adjacent reactants. Merzhanov* devised a classification system
to describe SHS reaction mechanism by the state of the reactants (solid, liquid or gas) at the
reaction adiabatic temperature. Of the six combinations possible (the product is assumed to be
solid), when the adiabatic temperature lies between the melting point of the reactants, the molten
reactant spreads at a high rate throughout the compact, resulting in the highest velocity of
combustion. This is also known as liquid phase sintering (LPS). Complete solid state
combustion occurs when the adiabatic temperature is less than both reactant melting
temperatures, resulting in the lowest combustion velocities.

SHS composites are formed by either mechanically adding the reinforcement to the
reactant mixture or when the product consists of two or more materials formed from the
reactants. Both of these are the basis of specific processes which have been developed to
produce certain IMCs which are described in detail below.

In pure SHS, the reaction rate and the state of the product are determined by the
thermodynamics and kinetics of the combustion reaction. In many cases, this occurs in an
explosive manner leading to a product which, although it is of the desired composition, the
physical form has been degraded by excessive heating, or it contains large amounts of porosity
and must be further processed to generate the desired densification and physical form.

tive Hot Co i0]

Reactive hot compaction (RHC) is the name given to a group of processes developed
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Figure 1. Schematic of fiber reinforced composite toughening mechanisms.
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Figure 2. Typical steps in self-propagating high temperature synthesis.
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from SHS which make use of external variables to control the reaction so that a more useful
product is formed. RHC is a volumetric combustion process as the reactants are heated
uniformly within a die to the reaction temperature. Thus, the reaction initiates at many sites
throughout the mixture of reactants. The application of pressure is utilized to aid densification
and the addition of pre-reacted reactant or an inert material, such as Al,O; particles has been
shown to slow the reaction by absorbing some of the heat of formation of the product’*%,

Figure 3 shows a general description of the RHC process as applied to NiAl and NbAl,.
The important variables used to control the reaction rate and consolidation are: the shape and
size distribution of the reactants, the shape and size distribution of the inert particles (if any),
green density of the compact, heating rate, maximum temperature, the timing and magnitude of
the externally applied load and the atmosphere. As a subgroup of SHS, RHC shares many
features in common,; the reactants are blended and usually cold compacted prior to initiating the
reaction. The degree of cold compaction determined as a percentage of theoretical density can
have a great impact on the reaction rate and sequence. Deevi®® has reported that for Mo + 2Si
powders, increasing the green density of the cold compact from 51% to 59% of theoretical
resulted in the possibility of forming MoSi, directly without any of the intermediate MoSi,
phase. It appears that increasing the density improves uie interfacial contact between the
reactant particles, providing more sites for the initiation of the reaction, decreasing the distances
required for mass transport, thus decreasing compositional fluctuation in the product. On the
other hand, higher interparticle contact also increases the effective heat transfer of the powder
mass, leading to faster conduction of the heat of formation from the interface. This can lead to
loss of the self-propagating characteristic in some RHC systems’.

The effect of particle size on the structure of the product during RHC can be quite
dramatic. In producing NbAl,, Lu® found that by increasing the Nb particle size distribution
from < 10um to 10-30um. the as reacted microstructure contained a second phase of Nb,Al with
a central Nb core, whereas the smaller Nb particles produced only the 2 phase NbAl;-Nb,Al
mixture. Subsequent annealing eliminated the Nb cores via a diffusion controlled process and
increased the volume fraction of Nb,Al.

Figure 4 shows the effect of heating rate on the temperatures and peak heights on DTA
scans during RHC of NbAl,¥. Increasing the heating rate is seen to initially shift the initiation
of the formation reaction to higher temperatures, then it drops back somewhat. This is probably
the result of two competing processes, at very low heating rates, intermediate products have time
to form via diffusion controlled solid-solid reactions, as the heating rate is raised, the initiation
is shifted to higher temperatures due to the inertia of the system but coincidentally there is less
time for intermediate product formation and thus reducing that barrier to the main reaction
initiation. At some heating rate, here between 20°C/min. and 30°C/min., the intermediate
reaction product becomes negligible eliminating this barrier to the reaction initiation. Also,
increasing the heating rate increases the peak temperature. Consequently, the synthesis reaction
is accelerated by higher diffusivity and shorter diffusion distances®®*°

Philpot, et al.** studied the effect of heating rate on the combustion synthesis of nicke}
aluminides. They found two exotherms at very low heating rates, whose temperatures increased
with heating rates; at higher rates (>2°C/min.) only one exotherm occurred. In both cases, the
first (or only) peak occurred below the melting point of Al, indicating a solid-solid reaction.
In all cases where two peaks were observed, the highest temperature of the first peak was always
below the initiation temperature of the second peak. They concluded that when the heat
generated by the first reaction is sufficiently high, it initiates the second (liquid phase) reaction
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Figure 5. Micrographs showing the effectiveness of the in-situ formed Al,O,
diffusion barrier in as-hot pressed Nb/NbAl, composites. (a) uncoated (b) in-situ
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and thus changes the system from two peaks to one, which incorporates both reactions.

The effects of externally applied pressure is related to the green density effect mentioned
above. In addition, the timing of the pressure application relative to the reaction sequence plays
an important role in the densification of the product. It seems that the application of the
pressure during the transient reactions is the most appropriate, as earlier pressurization might
lead to premature or incomplete reactions, whereas pressurization after the reactions would only
be hot defonnation of a porous mass, requiring further solid-state diffusion to achieve full
density.

Transient liquid phase sintering, or liquid phase sintering (LPS) is a variation of RHC
in which one of the reactants meits. or the system goes through a low temperature eutectic at
temperature below the ignition temperature during heat up*2. This molten constituent easily
flows throughout the compact by capillary forces and fills in many of the inter-particle voids
aiding in densification and increasing the reaction rate. Anton* also reports the elimination of
severe fiber damage normally associated with the consolidation of brittle fiber reinforced IMCs
when LPS techniques are employed. In the process, external pressure was applied to the system
at the melting temperature of Al in FP Alumina/TaAl,, prior to the initiation of the intermetallic-
forming reaction, followed by a further homogenizing anneal at 1200°C, presumably still under
pressure. This reporiedly resulted in a fully dense microstructure. Lu’ on the other hand,
waited until after the reaction was complete to apply external pressure to RHC Nb/NbAl,
composites and reported less then 2% porosity in the microstructure. In DRC* the pressure is
applied at room temperature prior to heating. This eliminates Al melting since the increased
contact causes the NiAl-formation reaction to initiate at 600"C, and resuits in a fully dense
microstructure after holding at 800°C for 30 minutes. In this reaction sequence, the
microstructure is not homogeneous but contains a mixture of Ni,Al and off stoichiometry NiAl.
This is homogenized by a 30 minute anneal at 1200°C.

Solid-Solid Reactions

Solid-solid reactions occur when the adiabatic temperature is below the melting
temperatures of the constituents. Thus, the reaction initiates and propagates throughout the
compact without the formation of a separate liquid phase, although the intense localized heating
caused by highly exothermic intermetallic reactions can give rise to local fusion zone which is
quickly cooled by conduction. The presence of local fusion zones is the probable mechanism
allowing 100% densification in very short processing times in the Dynamic Reactive Compaction
process briefly described by Doty, et al.®® This system normally forms by LPS as the Al melts
below the reaction temperature, but the application of pressure is shown to initiate the reaction
prior to Al melting.

In-situ synthesis of MoSi,-SiC composites via solid state displacement reactions®
and co-synthesis®' have been recenily reported. The former makes use of the reaction Mo,C +
Si -> MoSi, + SiC, while the latter utilizes the elemental powders to produce the same phases.

Mechanical alloying is a variation of the solid-solid reactive processing of intermetallics.
In this process elemental powders are mixed at very high energy levels in a ball mixer. The
impact and grinding of the balls on the powder provides the energy to initiate the reaction
sporadically during the process and to reduce the particle size of the product. Bieler, et al.®
reported mechanically alloying Ni and Al powder in liquid Nitrogen to eliminate the heat of
reaction (cryomilling) and reported the formation of NiAl-AIN nanocomposites via reaction




RV e

and thus changes the system from two peaks to one, which incorporates both reactions.

The effects of externally applied pressure is related to the green density effect mentioned
above. In addition, the timing of the pressure application relative to the reaction sequence plays
an important role in the densification of the product. It seems that the application of the
pressure during the transient reactions is the most appropriate, as earlier pressurization might
lead to premature or incomplete reactions, whereas pressurization after the reactions would only
be hot deformation of a porous mass, requiring further solid-state diffusion to achieve full
density.

Transient liquid phase sintering, or liquid phase sintering (LPS) is a variation of RHC
in which one of the reactants melts, or the system goes through a low temperature eutectic at
temperature below the ignition temperature during heat up*. This molten constituent easily
flows throughout the compact by capillary forces and fills in many of the inter-particle voids
aiding in densification and increasing the reaction rate. Anton* also reports the elimination of
severe fiber damage normally associated with the consolidation of brittle fiber reinforced IMCs
when LPS techniques are employed. In the process, external pressure was applied to the system
at the melting temperature of Al in FP Alumina/TaAl,, prior to the initiation of the internietallic-
forming reaction, followed by a further homogenizing anneal at 1200°C, presumably still under
pressure. This reportedly resulted in a fully dense microstructure. Lu’ on the other hand,
waited until after the reaction was complete to apply external pressure to RHC Nb/NbAL,
composites and reported less then 2% porosity in the microstructure. In DRC* the pressure is
applied at room temperature prior to heating. This eliminates Al melting since the increased
contact causes the NiAl-formation reaction to initiate at 600°C, and results in a fully dense
microstructure after holding at 800°C for 30 minutes. In this reaction sequence, the
microstructure is not homogeneous but contains a mixture of Ni;Al and off stoichiometry NiAl.
This is homogenized by a 30 minute anneal at 1200°C.

Solid-Solid Reactions

Solid-solid reactions occur when the adiabatic temperature is below the melting
temperatures of the constituents. Thus, the reaction initiates and propagates throughout the
compact without the formation of a separate liquid phase, although the intense localized heating
caused by highly exothermic intermetallic reactions can give rise to local fusion zone which is
quickly cooled by conduction. The presence of local fusion zones is the probable mechanism
allowing 100% densification in very short processing times in the Dynamic Reactive Compaction
process briefly described by Doty, et al.”? This system normally forms by LPS as the Al melts
below the reaction temperature, but the application of pressure is shown to initiate the reaction
prior to Al melting.

In-situ synthesis of MoSi,-SiC composites via solid state displacement reactions*
and co-synthesis®' have been recently reported. The former makes use of the reaction Mo,C +
Si -> MoSi, + SiC, while the latter utilizes the elemental powders to produce the same phases.

Mechanical alloying is a variation of the solid-solid reactive processing of intermetallics.
In this process elemental powders are mixed at very high energy levels in a ball mixer. The
impact and grinding of the balls on the powder provides the energy to initiate the reaction
sporadically during the process and to reduce the particle size of the product. Bieler, et al.**
reported mechanically ailoying Ni and Al powder in liquid Nitrogen to eliminate the heat of
reaction (cryomilling) and reported the formation of NiAl-AIN nanocomposites via reaction
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synthesis.

Jayashankar and Kaufman* also mechanically alloyed MoSi, with C to reduce the silica
at grain boundaries. Weight losses during processing were reported (4% at 1550°C and below,
8% at 1700°C), although to a much lesser extent than that observed previously®. This study®
suggested that above 1700°C, the weight loss is caused by the volatization of silicon from the
matrix. Therefore, control of temperature and vacuum conditions could be utilized to prevent
weight loss.

Costa ¢ Silva and Kaufman*® have also used mechanical alloying and in situ deoxidation
of MoSi, to reduce the silica phase. In this study, varying amounts of aluminum were alloyed
with MoSi, powders then hot pressed. Aluminum additions, up to 4.1 wt%, resulted in
formation of a-AlO, out of all oxide inclusions. Increased wt% of aluminum resuited in
formation of a Mo(SiAl), phase. The volume of alumina formed was approximately 60% of that
of the initial silica. These alloyed composites showed a slight increase in indentation fracture
toughness (4.3 MPav'm for the alloy as compared to 3.6 for the monolithic matrix). Srinivasan
and Schwarz*’ also report fabrication of ultrafine structures in MoSi, based alloys via mechanical
alloying. The structures were fully dense, but still lacked room temperature ductility.

DEVELOPMENT OF COMPOSITES VIA RHC PROCESSES

Each alloy/reinforcement system presents a unique set of thermodynamic and kinetic
factors. For successful intermetallic matrix composites to be fabricated via RHC, the process
must be optimized based upon the specifics of the application. These parameters not only
control the reaction sequence and rate but also the density and the microstructure of the resulting
IMC. Since many of the IMC systems under development are artificial composites, and thus
a state of non-equilibrium likely exists between matrix and reinforcement. It is therefore
necessary to control the interaction between the reinforcement and the matrix via application of
a diffusion barrier coating at the interface. The interfacial coating must perform at least 3
functions.  First, it must prevent the chemical interaction between the matrix and the
reinforcement throughout the temperature range of exposure, both during manufacture and in
service. The coating must also provide the proper degree of bonding required by the composite
to aid strengthening and/or toughening since the interface has been shown to control fracture
mechanisms®'"'2, Finally, the coating must also withstand and transfer the stresses induced by
differential expansion rates of the matrix and reinforcement due to thermal cycling and
mechanical loading.

An example of such an interface coating during RHC was reported for ductile filament
reinforced NiAF? and NbAly. In both of these cases, the ductile reinforcement (Nb) was
preoxidized to form a surface layer of Nb,O;. Subsequent elevated temperature processing
converted the Nb,Os; to ALO, prior to any discernable matrix/reinforcement interaction.
Although the results were similar, the processing routes, necessitated by the individual systems
were different. For NbAL, heating caused the melting of Al which spreads throughout the
remaining Nb powder, providing ample opportunity for both transient liquid phase sintering to
aid densification and direct contact between liquid Al and the oxidized Nb surfaces. This
allowed a uniform AlLO, interface to develop, followed by diffusion controlled completion of
the conversion from Nb,O; to ALO;. In NiAl on the other hand, the synthesis reaction initiates
prior to the melting of aluminum and proceeds by generating intense localized heat which may
cause a very small local molten zone briefly as the reaction progresses before the heat is
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conducted away. It seems that the wide solubility range of NiAl allows easy transfer of Al
atoms to the Nb reinforcement to reduce the Nb,Os to Al,O, which is aided by the intense local
heating.

Figure 5 shows the results of high temperature annealing of RHC-produced NbAl, both
with and without the in-situ diffusion barrier coating®’. Excessive interaction is seen between
the matrix and reinforcement in the absence of the diffusion barrier whereas with the coating,
the integrity of the interface is maintained for 100 hrs. at 1200°C. Figure 6 gives the results
of Four Point Bend Testing of chevron-notched bars of RHC Nb/NbAI, composites with and
without the interfacial coating compared to monolithic NbAl,. For the coated specimen, the load
rises sharply, then oscillates over a relatively stable load, indicating matrix fracture. Then the
load decreases in a stepwise manner indicating fiber pull-out and failure of multiple fibers in
succession. The uncoated fibers, however, are characterized by a strongly bonded interface and
the fibers failed in a ductile mode, due to multiple matrix cracking of the brittle (=2MPav'm)
NbAl, matrix, allowing the formation of a discrete "gage length” to allow ductile failure.
Although the toughnesses were similar in the as-processed condition, the inherently unstable
nature of the uncoated interface, as shown in Figure 5, will degrade the properties over time as
the reinforcement is consumed by the reaction products.

In a study by Costa e Silva and Kaufman*', diffusion barriers for Nb filaments in a MoSi,
matrix were formed following the procedure described by Doty and Abbaschian®. After an
oxide coating was formed on the surface of the filaments, these filaments were hot pressed with
a MoSi,/10.4 wt% Al mixture, forming an in situ alumina coating on the filaments. In addition,
the aluminum also acted as a deoxidant in the MoSi, matrix. The analysis of these samples*!
revealed that the matrix/reinforcement interaction was substantially reduced by the coating.

MECHANICAL PROPERTIES

Monolithic silicides have been toughened by adding reinforcements to the matrix before
processing. For example, SiC is frequently composited with MoSi, due to its thermodynamic
stability with the matrix, in addition to its high melting point, excellent oxidation resistance, and
high modulus. Several studies™****%' have reported imr..ovements in the fracture toughness of
a MoSi,/SiC composite over the base MoSi, matrix. Figure 8 shows the effect of a small
addition of carbon (2 wt. %) on the fracture toughness of MoSi, as a function of temperature,
compared to monolithic MoSi,*. It was noted that the whiskers were strongly bonded to the
matrix; therefore, fiber pullout was not the significant contribution to the observed increased
toughness. Suggested explanations for the toughness increases*™** are crack deflection due to
the residual stresses caused by the difference between the CTE's of MoSi, and SiC.
Bhattacharya and Petrovic*’ concluded that the fracture toughness of a MoSi,/SiC composite is
dependent on the amount of SiC added. They found that toughness was optimized at a 20 vol%
content of SiC particles. At this level, indentation fracture toughness was increased from 2.85
MPav'm in the monolithic MoSi, to approximately 4 in the composites. Figure 9 shows the
effect of increasing volume fraction SiC and TiB, on the yield stress as a function of
temperature>?.

The addition of brittle reinforcements and mechanical alloying to silicide matrices has
also been shown to reduce creep™*****. Two studies™* have used mechanical atloying and SiC
additions to improve the creep resistance. Since WSi, has a higher melting point and elastic
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Figure 7. SEM micrographs of fracture surfaces (a) unalloyed MoSi, and (b) MoSi,
with aluminum addition*. The particles in (a) are SiO; and the particles in (b) are

ALO,.
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modulus than MoSi,, it is expected that alloying with MoSi, would decrease creep rates. This
was demonstrated®-*, although Sadananda et al.* found it to be more pronounced at
temperatures below 1300°C. It was also shown that additions of SiC whiskers were successful
in decreasing creep rates by impeding the motion of dislocations and grain boundaries, thus
decreasing the deformation process in the matrix.

In recent studies™ %8, zirconia particles have been added to a MoSi, matrix in order to
improve the room temperature fracture toughness. Metastable zirconia particles transform to
a more stable crystallographic form by means of a martensitic transformation, either when
cooled or when stressed in the vicinity of an advancing crack tip. The volume change associated
with this transformation causes increased dislocation density and matrix microcracking, leading
to increased fracture toughness in these composites. The degree of toughening is dependent upon
volume fraction of zirconia, transformation zone and particle size, and alloying additions to the
zirconia®’.

Petrovic et al.>* used partially stabilized (with Y,0,) and unstabilized ZrO, to reinforce
a MoSi, matrix. The best improvement in room temperature fracture toughness was seen in the
unsiabilized ZrQ,, with an improvement from 2.6 MPavm for pure MoSi, to 7.8 for the ZrO,
toughened matrix®, They also noted the necessity of a homogeneous distribution of particles
in the matrix, something which had been achieved in other composites through in situ
processes”. Another study®® showed a slight increase in material properties of ZrQ,/MoSi,
composites over base MoSi, and cited grain bridging and crack branching as two likely
contributions to the increased toughness.

The toughness of silicides has shown substantial improvement with the addition of ductile
reinforcements in many systems including MoSi,/Nb2%¢! Nb,Si,/Nb, and Cr,Si/Cr®?. The
increased toughness is attributed to crack bridging and energy dissipated in plastic deformation
of the ductile ligaments. However, the ductile reinforcements often used in silicide composites,
refractory metals, possess poor oxidation resistance, a problem compounded at elevated
temperatures.  Therefore, the recognition of suitable coatings for these refractory metals
reinforcements is necessary to reduce interphase diffusion in service.

Coatings can also promote fiber debonding from the matrix, reducing matrix constraint
on the fiber, thus allowing the fiber to plastically deform as expected. If the reinforcement is
not coated, the reaction with the matrix will be strong and hence the bond there will also be
strong. Oxides of zirconium™®'’, and aluminum®®¢.6.5 have 3lI been shown to be
successful in reducing the reaction between MoSi, and Nb. A more dense oxide coating
provided better diffusion protection®® something achieved when a physical vapor deposited
(PVD) coating was used instead of a sol-gel coating®. These studies®® noted that the coatings
were not effective if cracked, something which could occur if the coatings were too thick®* or
damaged during processing. Xiao and Abbaschian®*>* have done extensive research using Al,O,
and ZrO, coatings on Nb laminates in a MoSi, matrix, investigating the resulting effects on
interfacial fracture toughness and consequently composite mechanical behavior. Both oxides are
stable in these composites. Moreover, ALO;, Nb, and MoSi,, have coefficients of thermal
expansion (CTE) which correlate well, which should help prevent residual stresses during
processing. ZrQ, has a slightly higher CTE.

In their study®*2%, 20 vol% Nb/MoSi, composites were made in three states: uncoated
Nb, Nb coated with ALO;, and Nb coated with ZrO,. In the uncoated-Nb composite, the Nb
and MoSi, reacted extensively to form a significant multiphase region. In the coated-Nb
samples, the width of the interaction region was reduced significantly. Also, the number and
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Figure 10. Resuits of mechanical testing performed on M0S8i,-20 vol% laminate Nb
composites showing the effects of coating the Nb laminates®. (a) is stress-
displacement curves from pre-cracked tensile specimens and (b) is load-displacement
curves from bend specimens.

type of interphases produced were changed. The composition of the interphases indicated that
the coatings effectively suppressed diffusion of molybdenum and niobium across the coatings,
and, in the case of the Al,O, coating, silicon as well.

As the reactions at the interface change, so does the fracture energy at the interface.
This in turn will determine how much debonding occurs at the interface. Low fracture energy
leads to increased debonding and therefore less reinforcement constraint. The less the
reinforcement is constrained, the more it is allowed to plastically deform and continue to bridge
the crack®. In another study by Xiao and Abbaschian®, the oxide coating was found to reduce
the fracture energy at the interface. The ZrO,-coated Nb composite showed the least fracture
energy, the uncoated the greatest, thus demonstrating the inverse relation of decohesion length
to interface fracture energy.

The results of tensile testing demonstrate the relationship between the coating, debond
length, and composite mechanical properties®*2, The uncoated foil composite systems
demonstrated the highest peak load, followed by the Al,O;-coated, then the ZrO,-coated foils.
However, the ZrO,-coated Nb shows the highest work of rupture, measured as the area under
the load-displacement curve. These results demonstrate that as the decohesion length decreases,
so does the work of rupture, but the peak load increases. Four-point bend tests were conducted
on the same composites to determine fracture toughness. It was found that the coated systems
show an increase in the load carried in the latter part of the curve. At this stage, the ductile
reinforcement is participating heavily in the fracture process, due to interface debonding to
relieve foil constraint in the matrix. As a result, the area under the load-displacement curve is
much greater in the coated-Nb composites.
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The amount of the constraint can be seen through examination of the characteristics of
the fracture surfaces of the ruptured Nb foils® in the MoSi, matrix. The Al,O,-coated Nb
showed ductile rupture while the ZrO,~coated and uncoated Nb showed mixed mode fracture
(dimple rupture and cleavage). These results seem to contradict the above logic concerning
debond length and expected reinforcement ductility. One possible explanation for these results
is embrittlement of the Nb foils®? by oxygen present in the ZrQ, coating.

The curves from the tensile and bend tests demonstrate trends in peak stress and total
energy to fracture for uncoated and coated laminate composites. They seem to indicate that
whether or not strong bonding is desired depends upon the criterion used for toughness®*>.
Thus, if peak load is the criterion, strong interfaces are preferable, but if work of fracture is
used, a weak interface is desirable.

SUMMARY

The fabrication difficulties associated with high temperature structural materials have
been reduced significantly in the case of many intermetallics and intermetallic matrix composite
by utilizing reactive processing techniques. Extremes of temperature and pressure are no longer
required to fabricate IMCs and thus their deleterious effects have been greatly diminished. A
variety of techniques has been developed to exploit the wide range of reaction dynamics
accompanying each specific system, and to impose control over the reaction sequence or the
reaction rate to facilitate the formation of a specific reaction product or to enhance densification.

Various in-situ processes have been developed to form IMCs via reactive processing.
Interfacial coatings and reinforcements have been formed during processing by manipulation of
the reactants and/or the reaction sequence itself.

Finally, the effect of increased control over the processing parameters has had a
beneficial impact on both the integrity of the composite and the mechanical properties. The
processing variables can be used to develop interfaces with desired chemical and mechanical
properties.
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SINTERING OF MoSiy

JJ. PETROVIC AND J.S. IDASETIMA
Materials Division, Group MTL-4, Los Alamos National Laboratory, Los Alamos, NM
87545

ABSTRACT

Despite the fundamental nature of sintering and its importance as a low cost
fabrication process, little information exists on the sintering behavior of the structural silicide
MoSiy. The sintering of commercial MoSiy powders in the range of 1-10 um was
investigated as a function of sintering temperature, sintering time, and sintering atmosphere.
Initial densities for uniaxially cold pressed powders were in the range of 47-56% theoretical.
A maximum sintered density of 90% of theoretical was achieved for 1 pm MoSi; powders

after sintering for 100 hours at 1600 OC in an argon atmosphere. Larger 10 um MoSia

powders achieved lower sintered densities under these conditions. Avenues to optimize the
sintering behavior of MoSi, are suggested.

INTRODUCTION

The borderline ceramic-intermetallic compound MoSij is considered to be a promising
high temperature structural material due to its combination of high melting point, superb
elevated temperature oxidation resistance, brittle-to-ductile transition, and electrical
conductivity [1]. Because of their high melting points, most ceramic materials are fabricated
into consolidated shapes by the pressing and sintering of powders, and there has been a
tremendous amount of research performed on the sintering of ceramics. Sintering is an
attractive processing route because it is a simple, inexpensive processing approach of
importance to commercial applications. However, somewhat surprisingly, there has been very
little work performed on the sintering of MoSiy and MoSi; composites. Previous work on
the sintering of MoSiy has been performed by Fitzer et.al. (2,3]. The purpose of the present
investigation was to provide information on the sintering of MoSiy powders as a function of

powder size, temperature, time, and sintering atmosphere.

EXPERIMENTAL

The commercial MoSiy powders employed for this study were H.C. Starck Grade A

and Grade C. The Grade A material has an average particle size of approximately 10 um,
while the Grade C material has an average particle size of approximately 1 um. The Grade A
material is reported to contain 0.5 wt.% oxygen, while the Grade C contains 2.0 wt.%
oxygen. These powders were uniaxially cold pressed into green bodies of dimensions 12.7
mm diameter by approximately 6.35 mm thickness at a pressure of 138 MPa. No binders
were used in the green pressing. The Grade A material exhibited an average green density of
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56% of theoretical, while the Grade C material showed an average green density of 47% of
theoretical.

A high temperature dilatometer was employed to measure the change in length of the
green bodies during continuous heating to a temperature of 1550 ©C. The heating rate in
these dilatometer runs was approximately 3 °C/minute. Dilatometer runs were performed in
atmospheres of argon, argon-6 % hydrogen, and 10-3 torr vacuum. Isothermal sintering runs
were performed for one hour holds at temperatures of 1300, 1400, 1500, and 1600 ©C, and
for times of 1 hour, 10 hours, and 100 hours at 1600 ©C. Heating rates for these isothermal

runs were approximately 15 ©C/minute. All isothermal sintering runs were performed in an
argon atmosphere.

Sintered densities were measured both geometrically on the sintered specimens, and by
the liquid immersion technique for porous materials described by Pennings and Grellner [4].
A water medium was employed for the immersion density measurements. Optical and SEM
microscopy was employed to characterize sintered microstructures, and to detect any phases
formed as a result of the sintering process.

RESULTS AND DISCUSSION

Dilatometer Results
The results of dilatometer sintering runs on the MoSiy powders are shown in Figure 1.
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Figure 1. Dilatometer Results for Starck Grade A and Grade C MoSiy Powders
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These dilatometer results clearly show that the onset of MoSiy sintering occurs at a

temperature of 1100 °C. Sintering atmosphere has little effect on this initial sintering
temperature. The slight increase in length observed in some of the sintering runs at
approximately 1000 OC is not understood at the present time. The Grade C material exhibits
a higher sintering rate than the Grade A material, due to its finer particle size. The presence
of hydrogen in the sintering atmosphere appears to accelerate the rate of sintering somewhat.
Faster sintering in hydrogen-containing atmospheres has also been observed previously for
MoSi3 [2]. A vacuum atmosphere accelerates sintering slightly for both the Grade A and
Grade C materials. Fitzer et.al. [2] have reported that weight losses occur during the vacuum

sintering of MoSiy.

Isothermal Sintering

Isothermal sintering results are shown in Figures 2 and 3. In Figures 2 and 3, both the
measured geometric % theoretical density and the measured immersion % theoretical density
are plotted. Immersion densities tended to be higher than geometric densities. Generally,
density increases with increasing sintering temperature, as expected. The extent of
densification is significantly greater for the Grade C material as compared to the Grade A
material, despite the fact that the Grade C material had the lower initial green density. For a
one hour hold at 1600 ©C, the maximum density attained by the Grade C material was 85%
density, while the maximum density for the Grade A material was only 65% density. As
shown in Figure 3, sintering time had only a secondary effect on the extent of sintering at

1600 ©C. Most of the densification took place within a ten hour sintering time.
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Figure 2. MoSij Sintered Density versus Temperature
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A maximum density of 90% theoretical was attained for the Grade C material after a 100 hour

hold at 1600 ©C. The reason for the lower immersion density value of the Grade A material
at a 100 hour sintering time is not known at present.
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Figure 3. MoSi; Sintered Density versus Time

Sintered microstructures exhibited classical sintering features. Extensive neck
formation was observed in Grade A and Grade C materials sintered for 1 hour at 1300 °C,
while interconnected porosity was observed for 1 hour sintering at 1600 °C. An isolated
porosity microstructure was seen in the Grade C material sintered for 100 hours at 1600 ©C.
Although not detected by x-ray diffraction, SEM analysis showed the presence of the MosSi3
phase in the Grade C material sintered for 100 hours at 1600 ©C in argon. The formation of

this phase was also noted by Fitzer et.al. [2] after sintering for 3 hours at 1700 ©C in a
hydrogen atmosphere. The MosSi3 phase likely results due to Si loss occurring during the

sintering process.

Sintering Theory

P B

The current state of sintering theory has been nicely summarized recently by Hansen
et.al. [5]. These authors also present a combined-stage sintering model which can describe all
the three stages of the sintering process. Stage 1 sintering involves the initial formation of
necks between sintering particles. Stage 2 sintering is associated with extensive neck
formation and the development of an interconnected network of porosity. In Stage 3
sintering, pores have become isolated from each other. In Hansen et.al., the cell sintering
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geometry proposed by DeHofT [6] is employed to describe the various stages of sintering in a
continuous fashion. This is coupled to a fundamental sintering model of a grain boundary
intersecting a pore, which is considered to apply to all stages of sintering. The Hansen model
results in the following expression for the change in length of a body during sintering [5]:

dinL/dt = (yQkT) GDyly/G4 + D\T'/G3) )

In this expression, L is the sintering specimen instantaneous length, y is the surface energy, Q
is the atomic volume, k is Boltzmann's constant, T is absolute temperature, 3 is the grain
boundary diffusion width, Dy, is the grain boundary diffusion coefficient, Dy, is the volume
difffusion coefficient, and G is the particle or grain diameter.

In Equation (1), the terms I'y, and Ty, are a function of scaling factors which represent
specific features of the microstructure that influence the kinetics of sintering. These terms
contain information that describes the driving force of the microstructure for sintering
(curvature), efficiency for diffusional transport (mean diffusion distance and area available for
diffusion), and the rate at which mass transport is converted to shrinkage (base to centroid
distance and grain boundary area). Hansen et.al. [5] have provided estimates of these terms
as a function of density during sintering.

The present sintering results for MoSiy have shown that sintering is more rapid for
finer initial powder particles than for coarser particles. This is consistent with the predictions
of Equation 1. At present, very little information is available concerning diffusion coefficients
in MoSiy. From oxidation experiments, the activation energy for Si diffusion in MoSiy is
reported to be 250 kJ/mole [7,8). From creep experiments, Sadananda et.al. [9] have
indicated that the activation energy for Mo diffusion in MoSis is in the range of 350-540
kJ/mole, and more likely closer to 350 kJ/mole. These very limited diffusion data might
suggest that Mo is the slower diffusing species in MoSip, and would then control the sintering

behavior of MoSip. However, at the present time this is a very tentative conclusion at best.

In many ceramic materials, grain boundary diffusion often tends to dominate over volume
diffusion during the sintering of ceramic powders. Currently, no grain boundary diffusion
data exist for MoSiy.

ASSESSMENT OF MoSiz SINTERING

The sintering of MoSiy powders begins at a temperature of 1100 °C. The extent of

sintering increases with decreasing powder size, and shows some sensitivity to the sintering
environment. Hydrogen-containing environments may promote the sintering process. A

sintering temperature of at least 1600 OC is required to sinter 1 um powders to density levels
in the range of 85-90% theoretical density in times less than 100 hours. Larger size MoSip

powders exhibit lower levels of densification under these conditions. Silicon loss during
sintering can result in the formation of an MosSi3 second phase in the sintered

microstructure.
Key aspects to increasing the sintered density of MoSiy powders involve green

density, sintering temperature, and sintering atmosphere. It is generally observed for ceramic
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powders that, under fixed sintering conditions, the final sintered density is roughly
proportional to the initial green density. Thus, increasing the green density to as high an
initial level as possible is clearly desirable. This can often be achieved by increasing pressing
pressures (as with cold isostatic pressing), and by employing bimodal or multimodal particle
size distributions. Generally, increasing the sintering temperature promotes the level of
densification much more than increasing the sintering time. Larger particle size MoSi;
powders will require sintering temperatures in excess of 1600 ©C, probably in the range of
1700-1800 ©C. Silicon loss at these higher temperatures may lead to significant levels of in-
situ MosSi3 phase in the sintered microstructures, but this may actually be desirable if the
second phase formation leads to mechanical property improvements. Finally, hydrogen-
containing sintering atmospheres appear to promote the sintering of MoSiy, possibly by
reducing silica layers present on MoSi; powders.
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COMBUSTION SYNTHESIS OF MoSiz AND MoSi;-COMPOSITES.

K. MONROE, S. GOVINDARAIJAN, J.J. MOORE, B. MISHRA, DL. OLSON, and J.
DISAM*. Dept. of Metallurgical and Materials Eng., Colorado School of Mines, Golden, CO
80401. *Schott Glaswerke, Mainz, Germany.

ABSTRACT

MoSiy and MoSip-composites are potential candidate materials for both high-temperature
coatings and structural components. The application of combustion synthesis and hot pressing in
the production of dense MoSiy and MoSi- composites, i.e., MoSi»-SiC, MoSiy-Mo, is currently
being studied. Selection of compositions was based on oxidation resistance, thermal expansion,
thermodynamic stability, and compatibility. Functionally-graded materials (FGM's) of these
composite material systems are also currently being studied.

INTRODUCTION

In recent years, intermetallics have been studied because of their potential use for high
temperature structural applications. Molybdenum disilicide and it's composites have been shown
to be excellent candidate materials due to their high-temperature oxidation resistance!-2 . The
primary factors that have contributed to the choice of MoSi; as a matrix material for high
temperature structural composites or coatings are: (1) a high melting point of around 2300K; (2)
low density (6.24g/cc) when compared with nickel-based superalioys; (3) superior oxidation
resistance; (4) high temperature strength; and (5) high thermal and electrical conductivity.

However, MoSij is very brittle and exhibits low toughness at room temperature, has poor
strength and crecp resistance, and can also exhibit "pesting” between 673K and 873K} During
the last two decades, there has been a strong research effort directed towards the development of
MoSip-based composites 124, Amongst these composites, MoSi7-SiC appears to offer the best
combination of oxidation resistance and mechanical properties.  Self-propagating high
temperature (combustion) synthesis (SHS) has been used in some cases to produce these
compositess-7. It is well established®.? that an exothermic reaction system becomes self
propagating when (AHo_ 298 /| C°p 298) > 2000 , where AH°ﬁ 298 » C°p agg are the heat of
formation (reaction) and heat capacity, respectively, of the products, e.g. MoSij.

. Based on these considerations, a program for assessing different processing routes and the

‘ effects of different processing parameters on the production of MoSiy, MoSi3-SiC composites
and functionally-graded composite materials was initiated. In order to achieve a dense product,
hot pressing has been used in conjunction with simultaneous combustion synthesis. The
preliminary results are discussed below.

RSP SO

EXPERIMENTAL PROCEDURE

Molybdenum (<10um), silicon (<7um) and carbon (<20um) powders were compacted under
loads varying from 454kg to 3178kg in a 13mm (diam.) die to provide a range in green density
from 53% to 63%. In the case of the functionally-graded material (FGM) samples, individual

13
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layers of varying stoichiometry to provide varying ratios of MoSiy:SiC were mixed and manually
stacked, one above the other, prior to compaction. Three different processing routes were
followed. SHS was carried out in the propagating mode in an argon-filled chamber (Figure 1) and
the green peilet ignited by a tungsten coil. The ignition (T;o) and combustion (T.) temperatures
were determined by a thermocouple (W-26wt‘/.RelW-5wt'§.Re) inserted in the sample as well as
an infrared pyrometer. Simultaneous combustion synthesis, in which the whole pellet is heated to
Tig and ignites simultaneously, was also ignited using a second reaction chamber (Figure 2). A
combination of simultancous combustion synthesis and hot pressing was also carried out in a third
reaction system (Figure 3). On detection of the reaction exotherm, the sample was hot pressed
under an applied pressure of up to 4680psi (32.3MPa). The samples were characterized using
optical and scanning electron microscopy, X-ray diffraction (XRD), and density measurements
were made using immersion in water and steam techniques.
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Figure 1. Schematic representation of the self- Figure 2. Schematic representation of the
propagating combustion synthesis chamber. simultaneous combustion synthesis chamber.

Figure 3. Schematic representation of the simultaneous combustion and hot pressing chamber.
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RESULTS AND DISCUSSION

SHS experiments conducted in the propagating mode using Mo and Si stoichiometric ratios
corresponding to MoSiy with green densities from 53% to 63% resulted in a decrease in the
combustion temperature with increasing green density. This decrease was ascribed to the
increased heat losses resulting from higher thermal conductivities of samples with increasing green
density. The reacted samples consistently exhibited around 60% pores irrespective of green
density and is largely due to the molar volume change accompanying the reaction (around -40%
for MoSig8). Therefore, hot pressing was needed to achieve higher densities. X-ray diffraction
analysis on the reacted samples indicated complete reaction to MoSis, with no traces of Mo3Si or
MosSi3.  Scanning electron microscopy (SEM) of the reacted samples indicated a distinct
variation in morphology between the top (closest to the tungsten heating coil) and bottom (where
the reaction terminated) of the sample. Significant melting and a high level of porosity was
observed at the top of the sample - a direct effect of the heating coil. These preliminary results
confirmed the possibility of producing MoSiy by the propagating mode of SHS and the necessity
of resorting to hot pressing to achieve dense products.

SHS of Functionally-Graded Materials (FGM's) of MoSi> + X SiC by the propagating mode

A FGM of MoSiy (CTE = 9.7x10°5K-! at 1873K)+ X SiC (CTE = 6.2x10-6K-! at 1873K)
with a gradually varying CTE profile was designed. A six-layer FGM was designed with X
varying as follows: 0, 0.25, 0.5, 1.0, 1.5 and 2.0. The samples were heated from the MoSi; - rich
sides and were found to react about 33% through the sample, with the reaction quenching out at
higher levels of SiC, i.e. X>0.5. An interesting obscrvation was the fact that the sample height
(and, consequently, the heating rate) strongly affected the extent of the reaction. XRD analysis of
the partially reacted samples showed MoSis , SiC, and smali amounts of vnreacted Mo, Si and C
to be present. SEM photomicrographs of the partially reacted samples revealed melting had
occurred at the top of the sample (i.e. MoSij rich layer, close to the tungsten ignition coil) while
unreacted graphite graphite flakes were present in the region where the reaction had quenched
out. The size of the MoSi, grains was approximately 1-3um.

FGM samples composed of 3 layers (X = 0, 0.25, and 0.5) reacted fully in the propagating
mode, and XRD analysis again confirmed MoSi, and SiC to be present with small amounts of Si
and C. The unreacted Si and C is possibly due to the large graphite particie size and the fact that
individual particles of Si and C may not be in intimate contact at these low stoichiometries. This
can be overcome by using finer particle sizes (e.g. carbon black). As with MoSiy, the samples
exhibited a distinct variation in morphology of products between the top and bottom. Based on
the above results, it was concluded that to minimize porosity and enhance the conditions required
for the reaction to go to completion, the best processing route would be to use simultaneous
combustion (SC) and hot pressing (HP).
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Synthesis of Individual Lavers of MoSiy + X SiC by Simultaneous Combustion (SC) and Hot
Pressing(HP) Procedures
Four reactions were studied for use in the synthesis of MoSiy + X SiC, as follows:
Mo + 2 Si + X SiC — MoSip + X SiC )
Mo + (2+X) Si + X C - MoSip + X SiC )
1/2 Mo, C + 5/2 Si + X/2 SiC — MoSij + (1+X)/2 SiC 3)
1/2 MoyC + (4+X)/2 Si + (X-1)/2 C - MoSig + X/2 SiC 4)

The most exothermic reactions are (2) and (4), with both reactions fully reacting in the
simultaneous combustion and hot pressing modes when X was less than 1. The samples were hot
pressed just after observing the exotherm on the thermocouple. A pressure of 33MPa was
applied at this point and reapplied once a minute for 5 minutes, then held for 5 minutes, at 1873K.
All reactions were conducted in an argon atmosphere. Reactions (1) and (3) were incompletely
reacted, with MoSi,, SiC, and varying amounts of Si and C observed in the X-ray diffraction
data. Reactions (1) and (3) used SiC as a diluent, and because these reactions are not highly
exothermic, they are unable to fully react under these conditions. Examination of the
photomicrographs (Figure 4 (a,b)) and XRD analysis of the products from reaction (2) show both
the center (a) and surface (b) to be fully reacted for values of X<0.5. The average density was
determined to be 89% of the theoretical density, but it is evident from the photomicrographs that
the surface is very porous while the center is extremely dense. Further research will be carried
out on reactions (2) and (4), with varying amounts of SiC used to build the FGM layers.

@ ®)

Figure 4. Center (a) and surface (b) regions of the reaction [Mo+2.58i+0.5C — MoSiz+0.5SiC)
synthesized by simultaneous combustion and hot pressing in argon.

Synthesis of MoSip + X SiC by Simultaneous Combustion and Hot Pressing in Vacuum

The reaction [1/2 Mo,C + 3 Si + 1/2 C —» MoSiy + SiC) was reacted and hot pressed in a
vacuum atmosphere. Preliminary results appear to be very promising, in that the samples which
were reacted under vacuum have a much more uniform structure throughout the sample than
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those reacted in argon. This is most likely due to the lack of gas being trapped in the sample.
The microstructure of the center (a) and surface (b) of a sample which was pressed under
atmospheric loading (no applied force) are shown in Figures S (a) and (b) respectively. Very
uniform porosity and microstructures were observed in both regions of the sample. Future work
will be conducted using hot pressing at much higher loads.

(a) (®)

Figure 5. The center (a) and surface (b) of the reaction [1/2MoyC+3Si+1/2C — MoSi; +SiC]
synthesized by simultaneous combusticn in a vacuum atmosphere without hot pressing.

Discussion

The enthalpy-temperature diagrams for the synthesis of MoSiy + X SiC are shown in Figure 6.
The SiC additives (X SiC) to the SHS reactants act as "diluents” and reduce the adiabatic
temperatures. The resulting microstructure of the product phases has been shown to be
controlled by T, in that lowering T¢ will refine the particle size of the phases and, therefore,
affects the mechanical properties®. Examination of the enthalpy-temperature data and the criteria
for a reaction to be self-sustaining suggest that the formation of MoSiy by SHS is possible, as
shown experimentally. However, addition of X SiC reduces the exothermicity of the reaction and
at a certain level, the reaction will quench out. In the case of FGM's, the presence of 100%
MoSiy layers in the top of the samples provides sufficient heat to allow the reaction to propagate
past the layers where the reaction should have theoretically been quenched out. Consequently,
the use of SHS experiments on individual layers of the FGM, to predict the extent to which the
reaction will propagate, may not be a suitable indicator.

CONCLUSIONS

(1) Pure MoSi; has been synthesized by reacting stoichiometric proportions of Mo and Si, using
the SHS technique. The product porosity was ~ 60%, irrespective of the initial green density.

(2) Functionally-graded materials MoSiy + X SiC were produced using the propagating mode of
SHS. The reaction quenched out at higher concentrations of SiC, i.e. when X>0.5. Below
X=0.5, the product was MoSij, SiC, and small amounts of unreacted Si and C.
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(3) Individual layers of MoSi3 + X SiC were produced by the simultaneous combustion and hot

pressing modes. The most exothermic reactions appear to be the following:

Mo + (2+X) Si + X C = MoSiz + X SiC

1/2 MozC + (4+X)/2 Si + (X-1)/2 C - MoSis + X/2 SiC
Photomicrographs of the reacted samples showed uneven porosity throughout the sample.
Product phases were MoSij and SiC as found by X-ray diffraction.

(4) 172 MoyC + 3 Si+ 1/2 C —» MoSig + SiC reacted by simultaneous combustion in a vacuum
atmosphere had more uniform porosity than samples reacted in argon. This process may
provide dense, uniform hot pressed microstructures and fusther research will be done in this
area.

(x+2y)Si + xC * yMo —— xSIC + y MoSL.
m L] L] v L T ¥ l
00 [ et
—— 20, y=1 e’ . ?
. ol _._‘.1';:1 T ST ]
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20} -
_' o
: £ 1o}
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Figure 6. Enthalpy-Temperature diagram for the X SiC + Y MoSij system.
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COMBUSTION SYNTHESIS OF MOLYBDENUM DISILICIDE AND ITS
COMPOSITES

SEETHARAMA C. DEEVI .
Research and Development Center, Philip Morris, USA, Richmond, VA 23234-2269.

ABSTRACT

A combustion wave originating from an exothermic reaction between Mo and Si propagates
through the reactants converting Mo-2Si mixture to MoSij. X-ray analysis of the product
confirmed that the product is single phase MoSiy with no second phase or reactants when

combustion synthesis experiments were carried out in argon. The oxygen content of the product
was 0.22 wt.%. When the mixture was reacted under pressure in a hot press, the product
obtained was also MoSij, and a theoretical density up to 92% could be achieved. Heating of a

mixture of Mo and Si with C leads to the formation of MoSi7 with a dispersed SiC phase.
INTRODUCTION

Among the silicides of transition metals, molybdenum disilicide (MoSip) is an attractive

candidate for high temperature structural applications, due to its high melting point of 2020 OC,
stable electrical resistance over long periods of time, self-healing ability due to the formation of a
highly protective and continuous amorphous silica layer, and excellent oxidation and thermal
shock resistance [1]. Several methods have been reported for the synthesis of MoSiy. Brewer
et al {2] synthesized high-melting silicides of Mo by mixing and heating 100 to 400 mesh
powders of Mo and Si to the desired temperature in an Ar atmosphere using an induction furnace
at temperatures of 1657 ©C to 2157 ©C with times ranging from 3 to 68 min. Cherniack and
Elliot [2] reported that the densities of MoSi increased up to 1650 to 1700 ©C, and at a
temperature of 1750 ©C and 150 min, MoSi) decomposed in the interior and formed MosSi3_
The use of MoSi as a structural material was thought to be limited to 1700 ©C owing to the
internal formation and agglomeration of MosSi3, while MosSi3 was also believed to be
responsible for the difficulty in fabricating sound MoSiy bodies by sintering at the temperatures
necessary for densification. MoSi» is also produced using a thermite mix consisting of 41.75%
Mo03, 10.8% Al, 38.6% of ferrosilicon, 6.6% of limestone, and flourspar {3). The literature
indicates several other methods for the production of MoSiy: ranging from reduction of MoO3
with SiC and carbon, siliciding of molybdenum powder, powder pressing and sintering, arc -
melting, and hot pressing [4].

In contrast to the techniques discussed above, combustion synthesis or self - propagating
high temperature synthesis (SHS) based on heterogeneous combustion between molybdenum
and silicon has been shown to be effective in preparing a single phase tetragonal MoSiy with
high purity [5-10]. Sarkisyan et al [6] were the first to report combustion velocities and behavior
of mixtures of Mo-Si with different amounts of Si in argon using metal powders of size < SOum,
and Si of size < 30 um. At low compact diameters (< 20 mm), the product was multiphase
consisting of MoSis and MosSi3 along with Mo and Si. Deevi [7,8] and Zhang and Munir [9]
further investigated the synthesis aspects of MoSip based on Mo+2Si mixtures<ns1:XMLFault xmlns:ns1="http://cxf.apache.org/bindings/xformat"><ns1:faultstring xmlns:ns1="http://cxf.apache.org/bindings/xformat">java.lang.OutOfMemoryError: Java heap space</ns1:faultstring></ns1:XMLFault>